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ia  ABSTRACT (Msjdrmm 200 Pwgn1of2 

Nuclear  transmutation  of  B  to  Li  is  being  investigated  for  donor  doping  of  diamond  Homoepitaxial  enridied  diamond  films  have  been 
grown,  characterized  using  Hall  measuremoits  and  Raman  and  PL  spectroscofnes  and  neutron-irradiated  at  a  dose  of  SxlO^^n/on^.  The  field 
emission  energy  distribution  was  measured  from  a  Mo  field  emitter  before  and  after  diamond  coating.  After  coating,  the  Mo  needle  had  a 
lower  **tum-ofi”  voltage  that  was  attributed  to  the  diamond  crystals  acting  as  micro-tips  which  enhanced  die  field  The  *Tum-on**  voltage 
further  decreased  after  in  vacuo  armealing.  Comparisons  between  die  wetting  diaracterisdcs  of  6H-SiC(0001)si  and  Si(lll)  surfaces  in 
various  acids  and  bases  were  conducted  The  10:1  HF  dipped  Si(lll)  surfaces  were  hydrophobic;  the  (000i)si  6H-SiC  surfaces  were 
hydrophilic.  Annealing  of  Si  capped  (0001 )si  6H-SiC  surfaces  in  UHV  at  1100*C  for  5  miiL  cau^  thermal  desorption  of  the  Si  cs^iping  layer 
and  die  formation  of  Qx3)  Si  rich,  oxygen  fiee  (0001 )si  6H-SiC  surfaces.  As-demsited  (at  RT)  NlAl,  Au,  and  Ni  contacts  were  reeding 
onp-type6H-SiC  (OOOl)  with  very  low  leakage  current  densities  (~lxl0~^  A/cn^  at  10  V).  The  Schottky  barrier  hrights  showed  a  reduced 
d^endCToe  on  the  metal  work  functions.  Ni^iAl  contacts  on  p+  (1x10^^  SiC  were  ohmic  after  annealing  for  10-80  s  at  lOOO^C  in 

a  No  ambient  The  estimated  specific  contact  resistivity  was  ^3x10"^  G*cm^.  Cr-B  contacts  were  semi-ohmic  on  p-type  SiC  (1x10^* 
cm~^)  after  armealing  at  lOOO^C  for  6(1-300  s  in  Ar;  oxidation  of  these  latter  contacts  did  not  occur.  Thin  Zr  films  were  d^^sited  on  natural 
single  crystal  diamond  ( 100)  substrates  by  e-beam  evqxiration  in  ultra-high  vacuum.  Field  emission  current-voltage  measurements  resulted 
in  a  dtreshold  field  of  79  V^tm  for  positive  electron  affinity  diamond  surfaces  and  values  as  k)w  as  20  for  Zr  on  diamond.  Different 

material  systems  were  investigated  for  solution  (flux)  growth  of  AIN.  Single  crystal  needles  of  AIN  were  achieved  using  Si02.  Thin  films 
of  GaN  ai^  AlxGai^xN  (0.05  <  x  <  0.96)  were  deposit  directly  on  both  vicinal  and  on-axis  6H-SiC(0001)  substrates.  The  FWHM  of  the 
XRCs  and  the  densiQr  of  defects  for  GaN  were  narrower  and  lower,  respectively,  for  films  on  die  on-axis  substrates.  A  linear  lelationsh^ 
was  found  between  ^e  lattice  parameter  c  and  die  bound  exciton  energy  (Ebx=  (-14.76  +  3361’*'c(A))  eV),  confirming  that  the  range  of 
reported  Egx  values  is  due  to  a  variation  in  film  straiiL  Some  of  the  films  tested  were  in  compression,  indicating  that  die  residual  stress  due 
to  lattice  mismatch  was  not  fully  relieved  by  defect  formatioiL  The  lade  of  steps  on  the  SiC  limits  the  formation  of  inversion-domain 
boundaries  (IDBs),  which  may  act  to  relieve  lattice  mismatch.  Initial  results  show  dial  the  strain  in  the  AIN  buffCT  layo-  varies  with  that 
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I.  Introduction 

Heteroepitaxy  is  the  growth  of  a  crystal  (or  a  film)  on  a  foreign  crystalline  substrate  that 
determines  its  orientation.  Such  oriented  growth  requires  that  lattice  planes  in  both  materials 
have  similar  structure.  In  general,  an  epitaxial  relationship  is  probable  whenever  the  orientation 
of  the  substrate  and  overgrowth  produces  an  interface  with  a  highly  coincident  atomic  stracture 
having  low  interfacial  energy  relative  to  a  random  arrangement 

During  the  past  decade,  nonequilibrium  techniques  have  been  developed  for  the  growth  of 
epitaxial  semiconductors,  superconductors,  insulators  and  metals  which  have  led  to  new 
classes  of  artificially  structured  materials.  In  many  cases,  the  films  were  deposited  on 
substrates  having  a  different  chemistry  from  that  of  the  film,  and  heteroepitaxy  was  achieved. 
Moreover,  layered  structures  with  a  periodicity  of  a  few  atomic  layers  have  also  been  produced 
by  the  sequential  heteroepitaxial  deposition  of  a  film  of  one  type  on  another.  Metastable 
structures  can  be  generated  which  possess  important  properties  not  present  in  equilibrium 
systems.  A  consideration  of  the  materials  under  consideration  for  next  generation  electronic  and 
optoelectronic  devices,  e.g.,  the  III-V  nitrides  show  that  only  a  few  of  them  can  currently  be 
grown  in  bulk,  single  crystal  form  having  a  cross-sectional  area  of  >3cm2.  Thus  other, 
commercially  available  substrates  must  be  used.  This  introduces  a  new  set  of  challenges  for  the 
successful  growth  of  device  quality  films  which  are  not  present  in  homoepitaxial  growth  and 
which  must  be  surmounted  if  these  materials  are  to  be  utilized  in  device  structures. 

In  addition  to  providing  structures  which  do  not  exist  in  nature,  applications  of  advanced 
heteroepitaxial  techniques  permit  the  growth  of  extremely  high  quality  heterostructures 
involving  semiconductors,  metals,  and  insulators.  These  heterostructures  offer  the  opportunity 
to  study  relationships  between  the  atomic  structure  and  the  electrical  propaiies  of  both  the  film 
itself  and  the  interface  between  the  two  dissimilar  materials.  They  also  allow  the  study  of 
epitaxial  growth  between  materials  exhibiting  very  different  types  (ionic,  covalent,  or  metallic) 
of  bonding. 

While  the  potential  of  heteroepitaxial  deposition  has  been  demonstrated,  significant 
advances  in  theoretical  imderstanding,  experimental  growth  and  control  of  this  growth,  and 
characterization  are  required  to  exploit  the  capabilities  of  this  process  route.  It  is  particularly 
important  to  understand  and  control  the  principal  processes  which  control  heteroepitaxy  at  the 
atomic  level.  It  is  this  type  of  research,  as  well  as  the  chemistry  of  dry  etching  via  laser  and 
plasma  processing,  which  forms  the  basis  of  the  research  in  this  grant. 

The  materials  of  concern  in  this  report  are  classified  as  wide  bandgap  semiconductors  and 
include  diamond,  SiC  and  the  ni-V  nitrides  of  Al,  Ga,  and  In  and  their  alloys.  The  extremes  in 
electronic  and  thermal  properties  of  diamond  and  SiC  allow  the  types  and  numbers  of  current 
and  conceivable  applications  of  these  materials  to  be  substantial.  However,  a  principal  driving 
force  for  the  interest  in  the  ni-V  nitrides  is  their  potential  for  solid-state  optoelectronic  devices 


for  light  emission  and  detection  from  the  visible  through  the  far  ultraviolet  range  of  the 
spectrum. 

The  principal  objectives  of  the  research  program  are  the  determination  of  (1)  the 
fundamental  physical  and  chemical  processes  ongoing  at  the  substrate  surface  and 
substrate/film  interface  during  the  heteroepitaxial  deposition  of  both  monociystalline  films  of 
the  materials  noted  above,  as  well  as  metal  contacts  on  these  materials,  (2)  the  mode  of 
nucleation  and  growth  of  the  materials  noted  in  (1)  on  selected  substrates  and  on  each  other  in 
the  fabrication  of  multilayer  heterostructuies,  (3)  the  resulting  properties  of  the  individual  films 
and  the  layered  structures  and  the  effect  of  interfacial  defects  on  these  properties,  (4)  the 
development  and  use  of  theoretical  concepts  relevant  to  the  research  in  objectives  (1-3)  to  assist 
in  the  fabrication  of  improved  films  and  structures  and  (5)  the  determination  of  process 
chemistry  which  leads  to  the  laser  assisted  and  plasma  etching  of  these  wide  bandgap 
compound  semiconductors. 

This  is  the  eighth  bi-annual  report  since  the  initiation  of  the  project  The  following  sections 
introduce  each  topic,  detail  the  experimental  approaches,  report  the  latest  results  and  provide  a 
discussion  and  conclusion  for  each  subject  Each  major  section  is  self-contained  with  its  own 
figures,  tables  and  references. 
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Carbon-based  Materials 


II.  Donor  Doping  of  Diamond  Using  Nuclear  Transmutation 

A.  Introduction 

This  report  provides  an  update  on  an  ongoing  project  at  NCSU  investigating  Li 
incorporation  into  diamond  via  nuclear  transmutation.  This  doping  mechanism  is  of  interest  in 
diamond  because  of  difficulties  encountered  in  attempts  to  incorporatB  li  by  noore  conventional 
mftans  such  as  diffusion  or  incorporation  during  CVD.  Additional  background  for  this  work 
has  been  described  in  previous  quarterly  reports. 

Our  approach  has  been  to  investigate  transmutation  in  well  characterized  homoepitaxial 
films  grown  by  established  techniques.  Growth  and  electrical  measurements  have  been 
performed  at  Kobe  Steel  USA  by  researchers  with  extensive  experience  in  electrical 
measurements  on  homoepitaxial  and  polycrystalline  diamond  film.  Our  isotopically-eruiched 
boron  source  is  diborane,  one  of  tiie  most  contmon  doping  sources  of  boron  for  CVD  diamond 
growth.  The  carrier  concentration  and  mobility  have  been  measured  as  a  function  of 
temperature  prior  to  irradiation.  The  quality  of  the  films  and  diamond  substrates  prior  to 
irrradiation  has  also  been  evaluated  using  Raman  and  photoluminescence  spectroscopy.  In 
addition,  our  experiments  include  control  saiiq)les  with  no  boron  and  with  the  natural 
abundance  of  boron  to  separate  the  effects  of  irradiation  damage  from  the  effects  of  Li 
production.  Eradiation  has  been  poformed  by  Dr.  S.  Kfirzadeh  of  the  Nuclear  Medicine  group 
at  Oak  Ridge  National  Laboratory. 

B.  E7q>erimental  Procedure 

Homoepitaxial  boron  doped  films  have  been  grown  using  microwave  CVD  with  diborane 
as  the  dopant  source.  Table  I  shows  the  target  boron  concentrations  for  each  of  the  five  films. 
All  films  are  grown  on  (100)  oriented  type  2a  natural  diamond  substrates  and  range  fiom  3  to 
8  microns  in  thickness.  The  films  were  grown  over  a  3x3  mn^  area  on  the  4x4  mm^  substrates 
to  isolate  the  films  frcnn  the  edges  of  the  wafers.  The  isotopically  etuiched  diborane  is  96% 
and  4%  Ur.  Films  with  the  natural  abundance  of  the  two  boron  isotopes  are  included  to  aid  in 
separating  the  effects  of  li  production  from  the  effects  of  damage.  The  natural  isotopic 
abundance  of  boron  is  19%  and  81%  so  the  maximum  possible  conversion  of  the 
natural  abundance  samples  (#1  and  #2)  is  19%.  Samples  4  and  5  have  the  same  boron  content 
to  provide  a  duplicate  experiment  In  addition,  measurements  can  be  made  of  the  back  surfaces 
of  the  Hiamnnd  wafers  to  analyze  the  effects  of  neutron  irradiation  on  diamond  which  is  fiee  of 
boron.  Metal  contacts  consisting  of  Ti  and  Au  were  applied.  The  carrier  concentration  and 
mobility  were  measiued  at  several  temperatures  from  300  to  600  K  using  the  Hall  effect  in  a 
van  der  Pauw  geometry. 
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Table  L  Samples  and  Target  Boron  G>ntent 


San^le 

Boron  content 
(Target  value,  cm-^) 

Isotopic  Corrposition 

1 

1018 

natural  abundance 

2 

1020 

natural  abundance 

3 

1018 

10b  enriched 

4 

1020 

10b  enriched 

5 

1020 

10b  enriched 

Raman  and  photoluminescence  spectroscopy  were  used  to  provide  a  baseline  measurement 
of  the  quality  and  defects  in  the  Hlms  and  substrates.  It  is  e}q)ected  that  the  films  will  be 
damaged  during  the  irradiation  process,  so  it  is  important  to  measure  the  quality  of  the  films 
before  irradiation.  Raman  measurements  were  made  using  the  5 145  A  line  of  an  Argon  laser, 
and  photoluminescence  measurements  using  the  4579A  line  (2.71eV).  The  incident  light  was 
focused  to  a  10  pm  spot  size  using  a  microscope,  and  the  scattered  light  was  analyzed  using  an 
ISA  U-1000  scanning  double  monochromator. 

Sanq)les  were  irradiated  by  Dr.  S.  Mirzadeh  of  the  Nuclear  Medicine  Group  at  Oak  Ridge 
National  Laboratoty.  The  total  dose  was  QxlO^^ctn^. 

C.  Results  and  Discussion 

The  diamond  samples  were  irradiated  at  a  dose  of  9x10^0  n/cm^.  The  previously  reported 
target  dose  of  3x10^  n/cm^  was  increased.  Calculations  performed  by  Dr.  Mirzadeh  indicate 
that  this  dose  will  convert  95%  of  the  to  "^Li  (Fig.  l).The  sanq>les  exhibited  a  greater 
radioactivity  than  expected  when  removed  fiom  the  reactor.  As  of  2/26/96,  the  package  read 
1  R/h  unshielded  and  ~64  mR/h  shielded  with  1”  lead.  The  samples  were  retested  on  4/29/96 
after  removal  from  the  packaging  and  a  lower  but  still  significant  activity  was  detected.  Gamma 
ray  spectroscopy  indicated  that  the  remaining  activity  consisted  of  approximately  5pQ  of 
l^^Ag.  The  samples  have  now  been  returned  to  NCSU,  where  they  will  be  cleaned  to  remove 
the  remaining  silver. 

D.  Conclusions 

In  summary,  nuclear  transmutation  is  being  investigated  as  a  means  for  donor  doping  of 
diamond.  To  date  samples  have  been  prepared  for  irradiation,  baseline  electrical  measurements 
and  optical  measurements  have  been  performed,  and  samples  have  been  irradiated  at  a  dose  of 
9xl020n/cm2. 
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Hgure  1.  Percentage  of  converted  to  Tli  as  a  function  of  neutron  dose. 

E.  Future  Research  Plans  and  Goals 

Following  cleaning  of  the  samples,  post  irradiation  studies  will  begin  with  optical 
assessment  of  the  damage  via  Raman  and  photoluminescence  spectroscopy.  We  will  then 
attempt  to  remove  the  damage  via  annealing.  If  the  damage  can  be  recovered,  additional  Hall 
measurements  will  be  performed. 
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III.  Spectral  Analysis  of  Field  Emitted  Electrons  from  Diamond- 
Coated  Nanoscale  Molybdenum  Emitters 

A.  Introduction 

For  several  years,  the  study  of  field  emitters  has  been  of  interest  as  the  possibiliQr  of  flat 
panel  displays  and  vacuum  microelectronics  has  appeared  feasible  [1].  One  drawback  to 
traditional  field  emitter  materials.  Si  and  Mo,  has  been  contamination  of  surface  and  surface 
degradation  through  back  sputtering  by  the  ambient  ions.  One  approach  to  counteract  these 
drawbacks  has  been  coating  the  emitters  with  diamond  to  protect  the  surface  from  oxidation 
and  ion  bombardment  Diamcmd  has  an  additional  attraction  of  negative  electron  affinity  under 
certain  conditions  [2].  However,  traditional  Fowler-Nordheim  analysis  of  I-V  measurements  is 
not  well  suited  for  curved  surfaces  and  low  work  function  materials  [3, 4].  On  the  other  hand, 
field  emission  energy  distribution  analysis  of  the  emitted  electrons  is  ideally  suited  for  the 
detection  of  materials  with  a  negative  electron  affinity  and  would  reveal  any  other  effects  a 
dianoond  coating  would  have  on  the  rautter.  Also,  this  analysis  techiuque  would  indicate  the 
energy  relatiraiship  between  die  !q)plied  voltage  and  the  emitted  electrcnts. 

This  report  relates  the  experimental  results  measuring  die  field  emission  energy  distribution 
of  a  diamond  coated  Mo  emitter.  The  data  was  conqrated  to  the  same  Mo  onitter  before  coating 
and  several  in  vacuo  thermal  treatments  were  performed  to  detramine  their  effects  on  electron 
emissiotL  Hie  analyzer  used  was  a  hraiispherical  energy  analyzer  ^ically  used  for  x-ray 
photoelectron  spectroscopy  or  Auger  electron  spectroscopy. 

B.  Eiqierimental  Approach 

Mo  Needle  Preparadon  and  Diamond  Powder  Coating.  A  single  onitter  tip  was  made  fiom 
99.95%  pure  Mo  wire  with  a  diameter  of  0.125mm.  The  wire  was  held  in  a  Cu  tube  and  dien 
electrochemically  etched  in  a  concentrated  KOH  solution.  This  technique  has  consistendy 
produced  needles  with  a  radius  of  curvature  approximately  500  pm. 

After  the  initial  data  was  collected,  the  needle  was  coated  with  diamond  powder  via  a 
dielectrophoresis  method.  The  diamond  powder  (size  range:  0-0.25  pm)  was  suspended  in  a 
ethanol  solution  and  voltage  was  applied  between  the  Mo  needle  and  the  containo*.  The  non- 
uniform  field  generated  by  the  needle  created  an  impelling  force  driving  the  diamond  particles 
toward  the  region  of  highest  field  (i.e.  the  tip  end).  SEM  observation  after  coating  revealed  the 
entire  tip  end  was  coveted  by  diamond  powder. 

Testing  Configuration.  The  Mo  needle  was  set  into  tire  holder  and  centered  within  a  circular 
gate  where  the  needle  was  the  “cold  cathode”  and  the  gate  was  the  “extraction  grid.”  The  gate 
was  electrically  grounded  and  had  a  500  pm  opening  and  a  tip-ro-gate  separation  distance  of 
400  pm.  A  negative  voltage  was  applied  to  the  tip,  see  Fig.  1.  Hre  energy  analyzer  used  was  a 
CLAM  n  hemispherical  energy  analyzer  from  Vacuum  (jenerators.  Ltd.,  typically  used  in 
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x-ray  photoelectron  spectroscopy  or  Auger  electron  spectroscopy.  Both  the  gate  and  analyzer 
were  at  the  same  ground  potential.  Typical  data  collection  conditions  included  a  dwell  tune  of 
100  ms,  an  energy  step  of 0.025  eV,  and  3  scans  were  taken  over  the  desired  energy  range. 


500  pm 


400  pm 


I 


3 — |l  I  (Gale) 


A 


(Mot^) 


3—0^1' 


Figure  1.  Schematic  drawing  of  sample  holder  and  voltage  connections. 

Experimental  Procedure.  After  the  sample  was  placed  into  the  vacuum  chamber,  an  initial 
thmnal  desorption  treatment  was  performed.  The  sample  holder  was  heated  to  500^C  for 
1  hour  and  the  chamber  pressure  was  in  die  10*^  Torr  range.  All  emission  data  was  collected 
under  UHV  conditicxis  (typically  10*^  Torr).  Next,  the  sample  was  removed  from  the  chamber 
and  coated  with  diamond  powder  via  die  dielectrophoresis  method.  To  remove  any  atmospheric 
contaminants  and  desorb  any  solvent,  the  sample  holder  was  heated  in  vacuo  to  4(X)**C  for 
3  hours  before  taldng  any  measurements.  Next,  a  diennal  annealing  treatment  was  performed 
by  heating  in  vacuo  to  600°C  for  90  minutes.  For  the  final  heat  treatment,  the  sarxqile  was 
transferred  to  a  microwave  plasma  diamond  CVD  system  (ASTeX,  Inc.)  for  the  H2  plasma 
treatment  The  sanqile  was  heated  to  620**C  for  30  minutes  downstream  fitom  the  plasma,  then 
the  sazqple  was  transferred  back  to  the  analysis  chamber  and  data  was  collected.  Afto’  this 
series,  the  sample  was  imaged  in  a  scanning  election  microscope. 


C.  Results 

Table  I  summarizes  the  obsoved  energy  shift  between  the  ipplied  voltage  and  the  peak 
maximum  and  the  voltage  for  which  there  was  perceptible  signal  (i.  e.  count  rates  >  10s  '^), 
hereafter  termed  “tum-on”  voltage.  Figure  2  displays  spectra  of  similar  count  rate  for  the 
different  treatments.  The  spectra  typically  had  a  rapid  increase  on  the  high  en^gy  side  of  the 
peak  and  a  less  rapid  decay  on  the  lower  energy  side  of  the  peak.  The  “tum-on”  voltage  for  the 
bare  Mo  needle  was  -450  V.  After  diamond  coating  the  “tum-on”  voltage  decreased  to  -350  V 
and  it  decreased  to  -280  V  after  annealing  the  diamond  coated  needle.  The  “tum-on”  voltage 
increased  to -650  V  after  attempting  to  hydrogen  tmninate  the  diamond  coating. 

The  energy  difference  between  the  applied  voltage  and  the  peak  maximum  for  the  Mo  tip 
was  -4.1  eV  for  all  voltages  and  the  peak  FWHM  was  O.TdbO.l  eV.  After  diamond  coating,  the 
energy  difference  increased  to  -5.4eV  for  the  “tum-on”  voltage  and  increased  with  applied 
voltage  to  -11  eV  for  -525  V  with  a  FWHM  of  0.7±0.1  eV.  Two  peaks  appeared  after 
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annealing  the  diamond  coated  needle  at  an  energy  difference  of  -4.6  eV  and  -3.4  eV.  The 
second  peak  appeared  only  above  voltages  of  -400  V.  The  peak  FWHM  for  both  peaks  was 
0.8±01  eV.  After  atteii:q)ting  to  hydrogen  terminate  the  diamond  coating,  only  one  peak  was 
observed  and  the  energy  difference  was  -3.4  eV  with  a  FWHM  of  0.710.1  eV. 

SEM  micrographs  taken  after  the  H2  plasma  treatment  revealed  that  the  diamond  powder 
coating  near  the  tip  of  the  needle  had  been  removed.  The  tip  had  partially  melted  and  bent  away 
from  the  gate. 


Table  L  Summary  Table  of  Energy  Separatirm  Between  tlw  Applied  Voltage 
and  Emissicm  Peak  and  ‘Tum-on”  Voltages  for  the  Different  Treatments 


Treatment 

EnCTgy  Shift  (eV) 

‘Tum-ai”  Voltage  (V) 

bare  Mo 

-4.1 

-450 

Dianxmd  coaled  Mo 

-5.4  to -11 

increased  with  voltage 

-350 

Diamond  coaled  Mo 
-annealed 

-4.6  and  -3.4 

-280 

Diamcmd  coated  Mo 
-H2  plasma 

-3.4 

-650 

D.  Discussion 

The  energy  difference  between  die  applied  voltage  and  the  peak  maximum  for  different 
treatments  is  summarized  in  Table  L  For  die  uncoated  Mo  needle,  the  peak  maximum  was 
observed  to  be  4.2510.25  eV  below  the  applied  voltage,  which  is  in  agreement  with  the 
repotted  effective  work  function  for  Mo  (4.2-4.4  eV)  [1].  While  no  reported  values  for 
molybdenum  carbide  could  be  found,  the  following  trends  were  noted.  TiC  had  an  effective 
work  function  0.7  eV  less  than  Ti  and  TaC  had  an  effective  work  function  0.9  eV  less  than  Ta. 
Since  the  refractory  metals  share  many  common  attributes,  it  is  reasonable  to  assume  that  the 
effective  work  function  of  molybdenum  carbide  is  lower  than  that  of  Mo  [1].  Therefore,  the 
peaks  recorded  that  were  around  3.4  eV  below  the  applied  voltage  may  be  attributed  to 
emission  from  the  carbide  phase,  while  the  peaks  approximately  4.2510.25  eV  below  the 
applied  voltage  can  be  attributed  to  emission  from  Mo.  However,  the  presence  of  Mo^C  cannot 
be  confirmed  until  further  analysis  of  the  needle  is  done.  The  reported  work  function  values  for 
diamond  are  either  1.0  eV  or  negative  electron  affinity  depending  on  surface  tmnination.  No 
peaks  wm  observed  cortesponding  to  those  values. 
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Hgure  2.  T^ical  energy  distribution  spectra  for  the  (a)  Mo  needle  (-450  V),  (b)  after 
diamond  coating  (-450  V),  (c)  after  annealing  (-450  V),  and  (d)  after  H2  plasma 
treatment  (-700  V). 

The  decrease  in  *‘tum-on”  voltage  after  coating  the  Mo  needle  with  diamond  powder 
probably  resulted  in  a  change  in  the  field  distribution  to  enhance  emission;  however,  the  large 
woik  functions  observed  suggest  diat  die  emission  did  not  emanate  from  the  diamond  coating. 
After  annealing  the  diamond  coated  Mo  needle,  the  morphology  of  the  coating  may  have 
changed  and  modified  the  field  distribution  at  the  emitting  area.  SEM  micrographs  after  the  H2 
plasma  treatment  revealed  that  the  tip  was  no  longer  covered  with  diamond  and  die  needle  had 
bent  The  increase  in  radius  of  curvature  caused  an  increase  in  the  *Wn-(Hi”  voltage. 

After  those  treatments  that  resulted  in  the  formation  of  a  carbide  phase,  it  would  be 
reasonable  to  assume  that  the  lower  work  function  areas  would  begin  to  emit  at  lower  voltages. 
This  supposition  is  counter  to  what  was  observed.  One  possible  explanation  is  that  the  carbide 
phase  formed  only  where  there  was  significant  contact  between  the  Mo  needle  and  diamond 
crystals.  It  is  unlikely  that  the  entire  crystal  was  consumed  in  the  formation  of  the  carbide. 
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therefore,  the  remaining  diamond  crystal  would  have  been  a  scattering  barrier  to  electrons 
emitted  from  the  carbide  phase.  At  higher  voltages,  where  emission  t^peared  to  have  come 
from  the  carbide  phase,  the  voltage  may  have  been  sufficient  to  cause  ballistic  transport  of 
electrons  from  the  carbide  through  the  obstructing  dianx)nd  particle. 

E.  Conclusions 

The  field  enussion  energy  distribution  was  successfully  measured  from  a  diamond  powder 
coated,  nanoscale  Mo  needle,  after  several  thermal  treatments,  using  a  hemispherical  energy 
analyzer.  Examination  of  the  field  emission  energy  distribution  (FEED)  spectra  yielded 
valuable  information  not  gained  during  standard  I-V  measurements.  Measuring  the  energy 
difference  between  the  applied  voltage  and  the  field  emission  peak  provided  information 
regarding  the  work  function  of  the  emission  area.  The  variation  in  this  energy  difference  for  the 
diamond  coated  Mo  needle  indicated  that  diamond  did  not  emit  under  the  conditions 
investigated.  The  hkkij  spectra  also  indicated  that  both  Mo  and  possibly  MpxC  regions  emitted 
after  annealing  die  diamond  powder  coated  needle. 

F.  Future  Research  Plans  and  Goals 

These  initial  experiments  revealed  that  the  energy  distribution  of  field  emission  electrons 
provided  irrqxirtant  information  not  obtained  in  I-V  measurements.  Several  questions  were  also 
raised.  For  instance,  although  MoxC  probably  has  a  lower  work  function  than  Mo  a  higher 
voltage  was  required  to  induce  emission  from  these  regions.  To  detomine  whether  the  lower 
work  function  of  dianrond  is  of  relevance,  or  whether  the  lowering  of  the  *‘tum-on”  voltage  is 
exclusively  due  to  topogr^hic  effects  leading  to  further  field  enhancements,  graphite  coated 
needles  will  be  investigated.  Cbnparison  experiments  between  Mo  and  Si  needles  will  also  be 
performed  to  investigate  the  differences  in  these  two  comoKMily  used  emitter  materials. 
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IV.  Ex  Situ  and  In  Situ  Methods  for  Complete  Oxygen  and  Non 
Carbidic  Carbon  Removal  from  (OOOl)si  6H-SiC  Surfaces 


A.  Introduction 

For  SiC  to  succeed  as  the  substrate/semiconductor  of  choice  for  high-frequency,  high- 
ten:q)eratuie,  high-power  devices  and  m-N  heteroepitaxy,  a  considerable  reduction  in  defects 
(line,  planar,  point,  etc.)  must  be  achieved.  Following  Si  technology,  where  surface  cleaning 
and  preparation  are  critical  first  step  in  all  processes  [1],  a  continued  reduction  in  defects  in  SiC 
should  be  expected  as  a  result  of  improved  SiC  wafer  surface  cleaning  techniques.  In  Si 
technology  for  example,  impropo*  removal  of  surface  contamination  and  oxides  prior  to  Si 
homoepitaxy  has  been  shown  to  result  in  an  increase  in  the  density  of  line  and  planar  defects  in 
epitaxial  films  fitom  <  loVcm^  to  >  10’®/cm^  [2-5]  and  an  associated  drop  in  device  yield  [2]. 

Typically,  SiC  ex  situ  cleaning  consists  of  solvent  degreasing  and  RCA  cleaning  with  the 
last  step  usually  a  5-10  min.  dip  in  an  HF  solution  (composition  ranging  from  0.1-50%)  [6-8]. 
The  HF  dip  is  intended  to  remove  any  native  or  intentionally  grown  (dry  or  thermal)  oxides 
formed  on  the  SiC  surface.  For  silicon,  the  HF  etch  has  been  found  to  be  beneficial  in  that  it 
not  only  removes  oxides  (Si02  or  SiO,)  from  the  surface  but  also  passivates  the  surface  by 
tominating  all  the  dangling  bonds  with  hydrogen  [9-1 1].  The  hydrogen  termination  inhibits  re¬ 
oxidation  of  the  silicon  surface  on  removal  from  the  HF  solution  and  produces  a  hydrophobic 
surface  [11].  For  (()001)si  6H-SiC,  this  has  not  been  found  to  be  the  case.  Surface  analysis  by 
the  authors  and  others  (see  Fig.  la)  has  revealed  that  the  SiC  surface  is  still  tenninated  with  an 
«  10  A  layer  of  carbonaceous  material  (consisting  or  C-C,  C-O,  C=0,  and  C-H  bonding)  after 
HF  dipping  [7-9].  Thermal  desorption  of  this  non-carbidic  carbon  can  be  easily  achieved  by 
annealing  at  tenperatures  as  low  as  500-700*C.  However,  unlike  Si,  approximately  1/2  to  3/4 
monolayer  of  oxide  remains  at  the  surface  (see  Fig.  2a-b),  and  thermal  desorption  of  this  oxide 
in  UHV  requires  temperatures  in  excess  of  1000*C  [12].  In  Fig.  Ic,  removal  of  the  oxide  by 
this  method  can  result  in  the  formation  of  some  non-carbidic/graphitic  carbon  at  the  SiC 
siuface.  To  combat  this,  others  have  followed  the  pioneering  work  of  Kaplan  [13]  and 
employed  in  situ  techniques  in  which  the  SiC  surface  is  annealed  in  a  flux  of  Si  (solid  or  gas 
source)  which  allows  thermal  desorption  of  the  oxide  at  lower  temperatures  (<  900'C)  while 
maintaining  a  Si-rich  siuface  [12,14].  This  section  reports  efforts  to  use  a  Si  capping  layer  to 
provide  both  a  hydrophobic  surface  during  ex  situ  processing  and  a  Si-rich  surface  during  in 
situ  processing. 

B.  Experimental 

The  vicinal  n-type  (typically  Na=  10**/cm^)  (OOOl)si  6H-SiC  wafers  used  in  these 
experiments  contained  an  n  type  epilayer  (typically  Na  =  10*^/cm^)  and  5(X)-1(XX)A  of  thermally 
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Figure  1.  XPS  of  C  Is  fiom  (OOOl)si  6H-SiC  surface  aften  (a)  5  min.  10:1  HF  dip,  (b) 
after  thermal  annealing  at  800*C,  and  (c)  after  annea^g  at  1200*C  in  UHV  [8]. 

grown  oxide.  They  were  supplied  by  Cree  Research,  Inc.  The  thermal  oxide  was  removed 
using  a  5-10  min.  dip  in  a  10:1  HF  dip  (CMOS  grade,  J.  T.  Balrer).  Further  cleaning  of  this 
surface  was  then  investigated  by  immersion  in  oth^  acid/base  solutions  ot  by  reoxidizing  the 
SiC  surface  using  a  UV/O3  treatment  followed  by  a  wet  chemical  treatment  The  UV/O3 
treatments  described  in  this  study  employed  a  box  in  which  was  positioned  a  high  intensity  Hg 
lamp  in  close  proximity  to  the  SiC  wafer.  The  details  of  this  process  have  been  described 
previously  [15].  The  wet  chemistries  examined  included  10:1  HF,  10:1  buffa:ed  HF  (7:1 
NH4F:HF),  40%  NH4F,  HC1:HF,  and  NH30H:HF  solutions,  HNO3,  H2SO4,  acetic,  and  lacdc 
acid.  Except  where  noted,  after  all  wet  chemical  cleans  the  samples  were  rinsed  in  DI  water 
(18  MO)  and  blown  dry  with  N2  (UHP).  All  wet  chemicals  were  of  CMOS  grade  purity  (J.  T. 
Baker). 

The  in  situ  cleaning  and  the  surface  analyses  of  the  samples  subjected  to  ex  situ  and  in  situ 
cleaning  were  conducted  in  a  unique  ultra-high  vacuum  (UHV)  system  consisting  of  a  36  ft. 
long  UHV  transfer  line  to  which  were  connected  several  stuface  analysis  and  thin  film 
deposition  units.  The  details  of  each  and  the  transfer  line  have  been  described  elsewhere  [15]. 
Surfaces  prepared  in  the  above  manner  were  then  subsequently  mounted  to  a  molybdenum 
sample  holder  and  loaded  into  the  loadlock  subsequent  analysis  by  AES,  XPS,  EELS,  and 
LEED.  XPS  analysis  was  performed  using  the  A1  anode  (ho  =  1486.6  eV)  at  20  mA  and 
lOkV.  AES  spectra  were  obtained  using  a  beam  voltage  of  3  keV  and  an  emission  current  of 


12 


1  mA.  LEED  was  performed  using  rear  view  optics,  a  beam  voltage  of  approximately  100  eV, 
and  an  emission  current  of  1  mA.  Calibration  of  the  XPS  binding  energy  scale  was  poformed 
by  measuring  the  position  of  the  Au  Af^|l  and  shifting  the  spectra  such  that  the  peak  position 
occurred  at  83.98  eV.  All  sample  temperatures  quoted  here  were  measured  using  an  optical 
pyrometer  and  an  emissivity  of  0  J. 


I  I  I  I  I  I  I  I  I  I  I  t  I  I  i-Y  j  T  I  I . T  I  I  r  I  I  I  I  |"ri  I  I  I  I  I  I  I  I  I  I  I  I  I  r  T  T  T  j  r  ■ 
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Binding  Energy  (eV) 

Figure  2.  XPS  of  O  Is  from  (a)  (0001)si  6H-SiC  and  (b)  Si  (1 1 1)  wafers  after  dipping  in 

10:1  HF  for  5  min  [12]. 


C.  Results 

Si  and  SiC  Wetting  Experiments.  As  previously  mentioned,  oxide  removal  from  (0001) 
6H-SiC  surfaces  using  HF  leaves  a  hydrophilic  surface  containing  significant  amounts  of  oxide 
stuface  (see  Fig.  3a).  To  determine  a  wet  chemistry  which  produces  a  more  hydrophobic  SiC 
surface,  several  (0001)si  6H-SiC  wafers  were  dipped  in  HF,  NH4F,  NH3OH,  HCl,  HNO3, 
H202>  H2SO4,  acetic  acid,  and  lactic  acid  and  the  wetting  characteristics  of  these  surfaces  in 
these  acids  and  bases  and  de-ionized  water  monitored  visually.  For  comparison  purposes. 
Si  (1 1 1)  and  Si  (100)  wafers  were  also  dipped  simultaneously  in  each  acid  with  the  SiC  wafer. 
All  wafers  (Si  or  SiC)  were  initially  dipped  in  10%  HF  to  remove  any  native  oxides  from  the 
surfaces  before  dipping  in  the  acids  and  bases  of  interest.  For  Si,  the  surfaces  remained 
hydrophobic  when  dipped  in  NH3OH,  HCl,  or  H2O2.  Dipping  the  Si  wafers  in  HNO3  or 
H2SO4  removed  the  hydrophobic  nature  of  the  surface.  Dipping  Si  in  the  oiganic  acids  resulted 
in  a  strongly  adhering  thin  film  of  the  acid  to  the  silicon  surface  which  could  be  rensoved  in  DI 
H2O  leaving  a  hydrophobic  surface.  For  SiC,  all  acids  and  bases  wetted  the  surface  and  none 
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were  found  to  produce  a  hydrophobic  SiC  surface.  10%  HF  solutions  with  pH’s  adjusted  ftom 
strongly  acidic,  neutral,  and  to  strongly  basic  using  HQ,  NH4F,  and  NH3OH,  respectively, 
were  also  examined  as  they  have  been  reported  to  produce  better  hydrogen  termination  of  Si 
(111)  surfaces  [17,18],  Li  these  experiments,  the  dipping  times  were  held  constant  at  10  min. 
No  changes  in  the  wetting  characteristics  of  the  (0001)a  SiC  surface  in  HF  solutions  with  the 
different  pH’s  were  found.  In  an  additional  experiment,  the  dipping  time  was  varied  from 
5  min.  to  1  hr.;  however,  no  difference  was  found.  Additionally,  neither  XPS  nor  AES 
indicated  a  significant  change  (within  AES  and  XPS  experimental  accuracy)  in  the  amount  of 
surface  oxygen  on  (OOOl)si  SiC  wafers  after  dipping  in  HF  solutions  of  various  pH.  No 
differences  were  observed  between  on  axis  and  vicinal  surfaces,  as  well. 


Electron  Energy  (eV) 


Figure  3.  (a)  AES  of  (OOOl)Si  6H-SiC  surface  after  dipping  in  10:1  HF  for  5  min.,  (b) 

(0()01)si  6H-SiC  with  a  20A  Si  capping  layer  after  dipping  in  10:1  HF,  5  min., 
(c)  (0001)si  6H-SiC  after  hermal  desorption  of  the  Si  capping  layer  at  1100‘C 
for  5  min. 


Si  Ccpping  Layer.  A  new  technique  for  in  situ  oxide  removal  rapidly  gaining  acceptance 
consists  of  annealing  SiC  in  a  flux  of  silicon  at  temperatures  >  900*C  [13,14].  Since  wet 
chemical  cleaning  of  Si  was  foimd  to  more  readily  produce  hydrophobic  and  cleaner  surfaces, 
the  use  of  a  20A  Si  capping  layer  on  (OOOl)si  6H-SiC  was  investigated.  The  following 
procedure  was  used  to  prepare  the  Si  capping  layer.  Firstly,  the  (0001)  6H-SiC  wafer  was 
given  a  5  min.  dip  in  10:1  HF,  DI  rinsed,  N2  blow  dried  and  loaded  into  vacuum.  The  6H-SiC 
was  then  degassed  and  annealed  in  a  SiH4  flux  (10“^  Torr)  at  950*C  for  20  min.  in  the 
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GSMBE.  This  produced  an  oxygen  free  Si  rich  (1x1)  SiC  surface.  Next,  a  Si-Ge  electron 
beam  MBE  was  used  to  deposit  2(X)A  of  Si  on  the  SiC  at  room  temperature  in  situ.  The  Si/SiC 
sample  was  then  given  two  UV/O3  treatments  followed  by  dips  in  10:1  HF  to  thin  the  Si 
capping  layer  down  to  20A.  After  each  HF  dip,  the  polished  face  of  the  Si/SiC  wafer  was 
found  to  be  hydrophobic  as  with  Si  waf^.  AES  of  this  surface  after  HF  dipping  showed  only 
small  amounts  of  oxygen  and  carbon  contamination  (see  Fig.  3b).  XPS  of  this  surface  after  HF 
exposure  showed  a  Si  2p  peak  at  99.5  eV  with  a  shoulder  at  101.5  eV  indicating  that  the 
siuface  consisted  of  an  »  20  A  Si  film  on  top  of  the  SiC.  On  annealing  this  surface  to  desorb 
the  Si  capping  layer,  it  was  observed  that  the  outgassing  from  the  wafer  was  several  orders  of 
magnitude  lower  than  that  typical  for  other  HF  dipped  SiC  wafers  (10‘^  Torr  ax  vs.  10'^  Torr 
typical).  In  fact,  the  outgassing  levels  were  typical  for  those  observed  from  Si  (1 1 1)  wafers. 
The  reason's  for  these  higher  and  lower  outgassing  rates  will  be  discussed  later. 

Following  annealing  of  the  Si/SiC  wafer  at  llOO'C  for  5  min.,  LEED  showed  a  sharp 
(3x3)  reconstructed  surface  commonly  observed  for  surfaces  prepared  via  annealing  in  Si 
fluxes  [12].  XPS  of  this  surface,  now  shows  a  Si  2p  peak  located  at  101.5  cV  with  a  shoulder 
at  99.5  eV  indicating  that  the  3x3  surface  is  due  to  the  presence  of  a  Si  bilayer.  Continued 
annealing  at  1  lOO'C  resulted  in  further  desorption  of  Si  which  resulted  in  first  a  (1x1)  and  then 
a  (■\/3x‘\/3)R30*  LEED  pattern.  AES  of  the  (3x3)  surface  showed  no  oxygen  within  the 
detection  limits  of  AES  and  a  Si/C  ratio  of  3/1.  It  should  be  pointed  out  that  (3x3)  surfaces 


Figure  4. 


XPS  of  Si  2p  from  a  (OOOl)si  6H-SiC  with  a  20A  Si  capping  layer  aften  (a)  5 
min.  dip  in  10:1  HF,  and  (b)  after  thermal  desorption  of  the  Si  capping  layer  at 
1100*Cfor5  min. 
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have  been  previously  prepared,  removed  from  vacuum,  dipped  in  HF,  and  the  wetting 
characteristics  observed.  In  this  case,  the  surfaces  were  hydrophilic  indicating  that  the  Si 
bilayer  is  readily  removed  by  the  combination  of  air  exposure  and  HF  dipping.  As  such, 
15-20  A  probably  represents  the  optimum  thickness  for  the  Si  capping  layer. 

D.  Discussion 

One  frequently  noted  problem  with  (0001)  6H-SiC  wafers  is  the  existence  of  internal 
micro-pipes.  Aside  fiom  being  potential  device  killers,  the  authors  have  frequently  experienced 
other  problems  during  processing  of  SiC  wafers  which  can  be  attributed  to  the  micro-pipes  as 
well  The  authors  have  frequently  observed  that  these  entities  can  harbor  HF  and  H2O  after  HF 
dipping  and  N2  drying.  Presumably,  this  is  due  to  capillary  action.  This  conclusion  is  based 
primarily  on  the  observation  that  during  annealing/thermal  desorption  in  UHV  of  HF  dipped 
SiC  wafers  phenomenally  high  outgassing  rates  have  been  observed  (i.e.  10'^  Torr).  RGA 
analysis  of  the  background  vacuum  during  thermal  aimealing  of  the  SiC  wafer  reveals  that  HF 
and  H2O  are  the  two  main  constituents  outgassing  from  the  wafers.  As  outgassing  rates  for  Si 
wafers  which  have  experienced  an  HF  dip  &  N2  dry  are  several  orders  of  magnitude  lower 
(10"*  to  10'^  Torr),  we  suggest  that  HF/H2O  trapped  in  the  nricro-pipes  due  to  capillary  action 
are  the  source  of  the  extremely  high  outgassing.  The  irr^xirtance  of  this  observation  is  that  the 
high  outgassing  can  lead  to  difficulties  in  completely  removing  the  oxide  fiom  the  SiC  siuface 
as  well  as  creating  a  large  background  of  H2O  and  HF  in  the  growth  system.  The  H2O/HF 
levels  can  subsequently  result  in  an  increase  of  background  oxygen  or  fluorine  in  epitaxial 
films.  Owing  to  the  observed  change  from  a  hydrophilic  to  a  hydrophobic  surface  with  the 
addition  of  the  Si  capping  layer,  it  is  not  surprising  that  low^  outgassing  rates  were  observed 
for  the  SiC  surface  with  the  Si  capping  layer. 

In  addition  to  the  oxide  removal  and  the  lower  outgassing  rates,  another  advantage  of  the 
use  of  the  Si  capping  layer  is  the  potential  for  its  incorporation  into  already  existing  processing 
routes.  Potentially,  the  Si  capping  layer  could  be  deposited  during  cooling  fiom  SiC  thin  film 
CVD  epitaxy.  Currently,  the  SiC  wafer/frlm  assemblies  are  cooled  in  H2  which  produces  a 
carbon  rich  layer  which  must  be  removed  by  a  second  processing  step  of  thermal  oxidation 
[9,18].  Unfortunately,  high  quality  SiC  CVD  epitaxial  deposition  typically  occurs  at 
temperatures  higher  than  the  Si  melting  point  (1440*C)  and  hence  results  in  the  deposition  of  Si 
droplets  instead  of  a  continuous  film  of  Si  [19].  However,  the  authors  have  initially  found  that 
this  approach  can  still  eliminate  the  need  for  oxidation  as  the  Si  droplets  can  be  etched  away 
(15  HNO3:  2  HF:  5  CHsCOOH)  leaving  a  surface  concentration  equal  (by  XPS  and  AES)  to 
that  produced  by  thermal  oxidation  and  oxide  removal  by  HF.  Perhaps,  the  Si  capping  layer 
can  best  be  utilized  with  3C-SiC  surfaces  where  epitaxy  can  occur  at  lower  tenqreratures. 
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E.  Conclusions 

The  wetting  characteristics  of  (0001)  6H-SiC  surfaces  in  HF  and  other  acids  were  found  to 
be  hydrophilic.  Hydrophobic  surfaces  could  be  achieved  by  use  of  a  thin  20  A  Si  capping 
layer.  The  use  of  the  capping  layer  also  resulted  in  lower  outgassing  rates  during  thermal 
annealing  during  in  situ  processing.  Annealing  the  Si  capping  layer/SiC  wafer  at  1 100*C  for 
5  min.  resulted  in  the  desorbtion  of  the  excess  silicon  and  a  (3x3)  reconstracted  SiC  surface. 
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V.  Rectifying  and  Ohmic  Contacts  for  P-type  Alpha  (6H)  Silicon 
Carbide 

A.  Introduction 

While  the  wide  band  gap  of  SiC  is  responsible  for  its  use  in  optoelectronic,  high  power, 
and  high  temperature  devices,  this  property  also  adds  to  the  difficulty  of  controlling  the 
electrical  properties  at  the  metal-semiconductor  contacts  in  these  devices.  The  primary 
parameter  used  to  quantify  the  electrical  relationship  at  diese  interfaces  is  the  Schottky  barrier 
height  (SBH),  or  the  energy  barrier  for  electrons  traversing  the  interface.  A  small  SBH  is 
desired  for  a  good  ohmic,  while  a  relatively  large  SBH  is  necessary  to  create  a  good  rectifying 
ccHitact 

The  formation  of  low  resistivity  and  thermally  stable  ohmic  contacts  to  6H-SiC  remains  a 
serious  problem  in  the  development  of  SiC  device  technology.  For  SiC  power  devices  to  have 
the  advantage  over  Si,  the  contact  resistivities  must  be  below  1x10-5  Q-cm^  [l].  The  thermal 
stability  of  ohmic  contacts  is  of  particular  concern  for  p-type  SiC,  which  have  traditionally 
contained  A1  to  dope  the  SiC  surface  below  the  contacts.  While  the  fabrication  of  ohmic 
contacts  to  SiC  also  has  usually  depended  on  very  heavily-doped  surfaces,  the  introduction  of 
high  levels  of  dopants  in  the  near  surface  device  region  of  the  epilayer  prior  to  tiie  depositim  of 
the  contact  or  by  itm  inq)lantation  through  the  contact  makes  probable  the  introduction  of  point 
and  line  defects  as  a  result  of  the  induced  strain  in  the  lattice.  Based  on  all  of  these  issues  and 
experiments  already  performed  at  NCSU,  our  goals  are  to  produce  contacts  which  are 
thermally  stable  and  have  low  contact  resistivities  while  also  reducing  the  need  for  doping  by 
ion  in^lantation. 

Low  resistance  contacts  to  p-type  SiC  remain  a  substantial  challenge  for  high  temperature 
and  high-power  devices.  An  Al-Ti  alloy  [2]  armealed  at  lOOO^C  for  5  min,  was  reported  to 
yield  contact  resistances  ranging  from  2.9x1 0'^  12  cm^  for  a  carrier  concentration  of 
5x10^5  cm"5  to  1.5x10-5 12  cm^  for  2x10^^  cm-5.  The  thermal  stability  of  these  contacts  was 
not  reported.  Aluminum  deposited  on  a  heavily-doped  3C-SiC  interlayer  on  a  6H-SiC  substrate 
and  subsequently  annealed  at  950®C  for  2  min.  reportedly  yielded  contact  resistivities  of 
2-3x10-5 12  cm2  p]  Because  of  its  low  melting  point  (660°C),  howevCT,  pure  A1  would  be 
unsuitable  for  high  temperature  applications.  Platinum  contacts  annealed  from  450  to  750®C  in 
100°C  increments  were  also  used  as  ohmic  contacts  to  p-type  SiC  [4].  These  contacts,  which 
rely  on  the  combination  of  a  highly-doped  surface  and  the  high  work  function  of  Pt,  have  not 
been  known  to  yield  contact  resistivities  as  low  as  those  for  contacts  containing  Al. 

B.  E;q>erimental  Procedure 

Vicinal,  single-crystal  6H-SiC  (0001)  wafers  provided  by  Cree  Research,  Inc.  were  used 
as  substrates  in  the  present  research.  The  wafers  were  doped  with  N  or  Al  diuing  growth  to 
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create  n-  or  p-type  material,  respectively,  with  carrier  concentrations  of  1—5x101^  cm"3, 
Homoepitaxial  layers  (1-5  pm  thick)  grown  by  chemical  vapor  deposition  (CVD)  were 
Al-dpped  with  carrier  concentrations  ranging  from  IxlOl®  to  IxlO^^  cm’3.  The  surfaces  were 
oxidized  to  a  thickness  of  500-1000  A  in  dry  oxygen.  The  substrates  were  cleaned  using  a 
10  min.  dip  in  10%  hydrofluoric  acid,  transferred  into  the  vacuum  system,  and  heated  at 
700**C  for  15  min.  to  remove  any  residual  hydrocarbcxi  contaminatiem. 

A  UHV  electron  beam  evaporation  system  was  used  to  deposit  the  NiAl,  Ni,  Au,  Pt,  and 
C!r-B  films.  After  depositing  1000  A  of  NiAl,  500-1000  A  of  Ni  was  deposited  as  a 
passivating  layer.  Pure  Ni  (99.99%)  and  pure  A1  (99.999%)  pellets  were  arc  melted  to  fram 
alloyed  pellets  of 50:50  atomic  ctmcentraticMi  for  evaporation  of  NiAl.  The  films  woe  deposited 
onto  unheated  substrates  at  a  rate  of  10-20  A/s.  Chromium  and  B  were  evaporated 
simultaneously  from  separate  evaporation  sources.  The  pressure  during  the  depositions  was 
between  5x10-9  and  5x10-8  Torr. 

Circular  contacts  of  500  pm  diameter  were  fabricated  for  electrical  characterization  by 
depositing  the  metal  films  through  a  Mo  mask  in  contact  with  the  substrate.  Silver  paste  served 
as  the  large  area  back  contact  For  contact  resistance  measurements,  TLM  patterns  [5]  were 
fabricated  by  photolithography.  The  Ni/lfiAl  films  were  etched  in  phosphoric  acid :  acetic  acid : 
nitric  acid  (12  :  2  ;  3)  at  50®C  (etch  rate  «  30  A/s).  The  contact  pads  were  300x60  pm  with 
spacings  of 5, 10, 20, 30  and  50  pm.  Mesas  in  the  substrate  were  not  fabricated.  All  aimealing 
was  conducted  in  a  N2  ambient  in  a  r^d  annealing  fimtace. 

Electrical  characteristics  were  obtained  from  current-voltage  and  capacitance-voltage 
measurements.  Current-voltage  (I-V)  measurements  were  obtained  with  a  Rucker  &  Kolls 
Model  260  probe  station  in  tandem  with  an  HP  4145A  Semiconductor  Parameter  Analyzer. 
Capacitance-voltage  (C-V)  measurements  were  taken  widi  a  KeiAley  590  CV  Analyzer  using  a 
measurement  frequency  of  1  MHz. 

Augra*  electron  spectroscopy  (AES)  was  performed  widi  a  JEOL  JAMP-30  scanning  Auger 
microprobe.  The  films  were  sputtered  with  Ar  ions  at  a  beam  current  and  voltage  of  0.3  pA  and 
3  kV,  respectively,  to  obtain  composition  profiles  through  the  thickness  of  the  films. 

C.  Results  and  Discussitxi 

Chemical  Characterization  of  As-deposited  Films.  An  Auger  depth  profile  of  a  film 
deposited  from  the  NiAl  source  showed  that  die  overall  con^sition  remained  relatively  stable. 
The  relative  compositions  of  Ni  and  A1  were  calculated  by  referencing  to  pure  Ni  and  pure  A1 
standards  and  accounting  for  their  corresponding  sensitivity  factors.  The  average  atomic 
composition  was  approximately  50:50.  With  reference  to  C^r  and  B  standards,  the  Cr-B  film 
was  determined  to  be  comprised  of  approximately  20%  Cr  and  80%  B  (CrB4).  While  a  thin 
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oxide  layer  was  detected  at  the  surface  of  the  NiAl  film,  no  O  was  detected  within  either  of  the 
fUms. 

Schottky  Contacts.  In  the  as-deposited  condition  the  Ni/NiAl  contacts  were  rectifying  on 
p-type  SiC  with  carrier  concentrations  of  l.fixlO^^  and  3.8xl0f*  cm*3  in  the  epilayer.  The 
sample  with  the  lower  carrier  concentration  displayed  leakage  current  densities  of 
~lxl0*8  A/cm^  at  10  V  and  idealiQr  factors  between  1.4  and  2.4,  while  the  latter  sample 
displayed  approximately  five  orders  of  magnitude  higher  leakage  current  densities  and  similar 
ideality  factors.  The  average  Schottky  barrier  heights  (SBH’s)  calculated  for  the  samples  with 
the  lower  and  higher  catrio*  concentrations  were  1.37  and  1.26  eV,  respectively.  The  lower 
SBH  calculated  for  the  former  sample  is  likely  due  to  enhanced  thermionic  field  emission 
through  the  upper  eno-gy  region  of  the  barrier  because  of  die  narrower  depletion  region. 
Hence,  the  1.37  eV  value  is  believed  to  be  more  accurate. 

Similar  results  were  obtained  for  as-deposited  Ni,  Au,  and  Pt  contacts  on  p-type 
(2.1-4,5x1016  cm‘3)  6H-SiC  ((XX)1).  These  samples  displayed  similar  leakage  currents  and 

ideality  factors  of  1.3-2.1  and  <1.1,  respectively.  From  these  measurements  SBH’s  of 
1.31  eV  for  the  Ni  contacts  and  1.27  eV  for  the  Au  contacts  were  calculated.  In  comparison, 
as-deposited  Ni  on  n-type  (4.1x1016  cm*3)  6H-SiC  (0(X)1)  yielded  ideali^  factors  below  1.1, 
similar  leakage  current  densities  to  those  stated  above,  and  SBH’s  of  1.14  eV  and  1.21  eV 
calculated  from  I-V  and  C-V  measurements,  respectively. 

Our  measurements  on  p-type  SiC  have  shown  consistent  differences  fix>m  measurements 
on  n-Qrpe  6H-SiC.  The  SBH’s  tended  to  be  higher  on  p-type  than  on  n-type  material.  While 
leakage  currents  for  Au,  NiAl,  and  Ni  contacts  on  p-type  6H-SiC  were  conq)arable  to  Ni 
contacts  on  n-type  6H-SiC,  the  ideality  factors  were  higher  on  p-type  SiC  These  ideality 
factors  and  SBH’s  are  higher  than  for  Ni  contacts  (and  other  previously  studied  contacts)  on 
n-type  6H-SiC  ((XX)  1).  The  higher  ideality  factors  indicates  that  thermionic  emission  was  not 
the  dominant  current  transport  mechanism  in  the  p-type  SiC  and  may  indicate  die  occurrence  of 
recombination  at  deep  levels. 

On  the  other  hand,  the  relationship  between  the  SBH’s  of  the  metals  on  p-type  SiC  and 
their  respective  work  functions  was  similar  to  that  which  we  previously  found  for  n-type  SiC. 
The  calculated  SBH’s  on  p-type  SiC  are  plotted  vs.  the  metal  work  functions  in  Fig.  1.  The 
work  function  for  NiAl  was  taken  to  be  the  average  of  the  work  functions  for  pure  Ni  and  pure 
A1  since  a  value  was  not  foimd  in  the  literature  for  NiAL  The  slope  of  the  line  fit  to  the 
empirical  data  was  -0.28  as  compared  to  a  slope  of  -1.0  for  the  dieoretical  data.  These  results 
indicate  that  surface  states  (xi  p-type  6H-SiC  (0001)  cause  a  partial  pinning  of  the  Fermi  level, 
in  agreement  with  the  results  of  our  previous,  extensive  study  on  n-type  SiC 
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Hgure  1.  Graph  of  calculated  and  theoretical  barrier  heights  of  as-dq>osited  NiAl,  Au, 

Ni,  and  Pt  contacts  on  p-type  6H-SiC  vs.  metal  work  function.  The  calculated 
values  were  determined  fiom  I-V  measuremraits,  and  the  theoretical  values  were 
calculated  according  to  the  Schottlcy-Mott  limit.  Hie  slopes,  S,  of  tiie  lines  fit  to 
each  set  data  are  indicated  on  tile  grs^h. 

Ohmic  Contacts.  The  Ni/NiAl  contacts  wm  sequentially  annealed  for  total  times  of 
10-80  sat  1000  **C  in  a  N2  ambient  This  tmqierature  was  used  because  (1)  limited  intermixing 
of  A1  and  SiC  was  reported  at  900*’C  [6]  and  (2)  other  papns  report  annealing  in  this 
temperature  range  for  Al-based  dimic  contacts  tn  p-type  SiC  [23,7].  Because  of  tiie  «dremely 
high  thermodynamic  driving  force  for  A1  to  form  an  insulating  oxide  layer  (AGf  (AI2O3) 
~  -1300  kJ/mol  at  1000  "C  [JANAF  -  Chase,  M.,  et  at,  JANAF  Tbennochnn.  Tables,  3d  Ed.  J.  Phys. 
Chem.  Ref.  Data,  1985. 14<Siq)p.  1)]),  1000  A  of  Ni  was  deposited  on  tc^  of  the  NiAl  contacts  to 
slow  the  oxidation  process. 

Table  I  summarizes  the  results  of  I-V  measurements  taken  at  selected  intervals  through  the 
annealing  series  for  three  samples  with  various  carrio'  concentrations  in  the  SiC  epitaxial  layer 
(1.4x10*8,  5.7x10*8,  and  1.5x10*^  cm’3).  The  two  samples  with  the  lower  carrier 
concentrations  were  not  truly  ohmic  but  became  ohmic-like  after  armealing  for  80  s.  The 
additional  force  on  the  probes  needed  to  obtain  consistent  results  indicates  tiiat  an  oxide  began 
to  form  at  the  surface  which  would  likely  cause  more  severe  problems  if  the  samples  were 
aimealed  further.  The  sample  with  the  higher  carrier  concentration  was  ohmic  after  armealing 
for  10  s.  The  calculated  specific  contact  resistivity  remained  approximately  2.0x10*7  Cl  cm^ 
through  armealing  for  60  s.  A  slight  increase  to  3.1x10*7  Q  cm7  was  calculated  after  armealing 
for  80  s.  This  increase  is  believed  to  be  due  to  the  surface  oxide  layer. 
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Table  L  Estimated  specific  contact  resistivities  /  electrical  behavior 
of  Ni  (1000  A)  /  NiAl  (1000  A)  /  p-SiC  after  annealing  at  1000  “C  for  20, 40, 60,  and  80  s 
for  thiM  samples  with  the  carrier  concentrations  indicated.  The  specific  contact  resistivities 
were  calculated  ftom  non-mesa  etched  linear  TLM  patterns. 


Annealing  Time 

1.4x10*8  cnj-3 

5.7x10*8  cm*3 
1.5x10*9  cm‘3 


20s 

ntxi-ohmic 
non-ohmic 
2.0x10-2  Q  cm2 


40s 

non-ohmic 
non-ohmic 
1.9x10-2  £2  cm2 


60s 

non-ohmic 
non-ohmic 
2.2x10-2  £2  cm2 


80s 

almost  ohmic 
almost  ohmic 
3.1x10-2  £2  cm2 


An  Auger  depth  profile  (Fig.  2b)  of  Ni/NLAl/SiC  annealed  at  1000°C  for  80  s  shows  that 
the  surface  oxide  is  thicker  than  diat  on  the  as-deposited  sample  (Fig.  2a).  After  sputtering  for  a 
couple  of  minutes,  the  O  concentration  dropped  to  below  detectable  limits;  however,  the  data 
shows  a  decreasing  A1  concentration  in  the  direction  toward  the  SiC  interface.  This  indicates 
that  the  kinetics  are  more  favorable  for  the  A1  to  diffuse  toward  the  surface  and  react  widi  O 
than  for  the  A1  to  react  widi  the  SiC  Some  of  the  Ni  has  probably  reacted  with  Si  at  the 
interface  to  ftmn  a  silicide,  as  indicated  by  the  local  maTimnm  in  die  Ni  intensi^  near  the  SiC 
interface,  while  die  peak  in  die  C  intensity  indicates  the  presence  of  an  adjacent  C-rich  lay^. 

The  demonstrated  oxidation  problem  with  A1  necessitates  the  development  of  ohmic 
contacts  which  do  not  consist  of  substantial  concentrations  of  AL  To  reduce  this  problem  we 
have  chosen  to  investigate  contacts  which  contain  B. 

The  main  reasons  for  choosing  B  are  that  it  is  also  a  p-ty^pe  dopant  in  SiC,  its  oxide  is  not 
as  stable,  and  it  is  a  much  faster  diffiisant  in  SiC.  Table  n  conqiares  some  inqiortant  properties 
of  B,  Al,  and  their  associated  oxides.  Recent  reports  [8,9]  show  that  the  ^shallow’  activation 
energy  for  B  in  SiC  is  significandy  less  than  previously  reported.  Boron  coii^unds  tend  to  be 
more  stable  at  high  tenqieratures  than  aluminum  oxnpounds  which  suffer  fixnn  the  low  melting 
point  of  Al.  Also,  the  diffusion  coefficient  of  B  is  at  least  three  orders  of  magnitude  greater 
than  that  of  Al.  Therefore,  more  B  than  Al  will  diffuse  into  the  SiC  at  lower  temperatures.  As 
discussed  in  this  report,  a  major  problem  with  Al-based  contacts  is  the  strong  driving  force  for 
farming  an  insulating  oxide  layer.  This  situation  is  shown  by  the  extremely  low  equilibrium 
partial  pressure,  po2>  for  AI2O3  formation.  While  B2O3  also  has  a  low  po2«  it  is  significandy 
higher  than  that  for  AI2O3,  indicating  that  the  driving  force  for  B  to  form  an  oxide  is 
significantly  lower.  There  is  also  a  larger  number  of  metals  which  would  reduce  the  oxide 
formed  with  B  than  that  formed  with  Al,  a  fact  which  is  encouraging  when  one  is  trying  to 
diffuse  free  B  into  SiC.  Another  advantage  is  that  the  melting  point  of  boron  oxide  is  notably 
low. 
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Figure  2.  AES  composition  profile  of  (a)  NiAl  (1000  A)  deposited  at  room  tenmerature  on 

(0001)  6H-SiC  and  (b)  Ni  (1000  A)  /  NiAl  (1000  A)  /  6H-SiC  annealed  at 
i(X)0  ®C  for  80  s  in  N2. 


Several  boron  compounds  which  possess  reasonably  low  resistivities  and  high  melting 
tenqreratures  are  listed  in  Table  IIL  We  have  chosen  to  investigate  O-B  contacts  because  of  the 
relative  ease  to  deposit  these  materials  by  electrcm  beam  evaporation  and  the  demonstrated  use 
of  O  in  metallization  schemes  for  diffusion  barriars.  The  refractory  nature  of  these  mantriais 
increases  the  probability  of  forming  dimic  contacts  which  wiU  be  stable  at  high  terr^teratures. 
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Table  IL  SelectedPropeitiesofB.Al,  and  Their  Associated  Oxides 


Element 

Activation  Energy 

Solid  Source 

Equilibrium 

Melting  tetrq). 

in  6H-SiC  (meV) 

Diffusion,  Dsic 

partial  pressure 

of  the 

@  1800°C(cm2/s) 

of02,po2@ 

associated  oxide. 

TOO^eCtorr) 

TmdtCQ 

B 

700 

10-11  [10-11] 

10-35 

450 

A1 

240 

<10-14  [12] 

1047 

2040 

Table  IIL  Resistivities  and  Melting  Points  of  Selected  Bonxi  Conqmtmds 


Compound 

Electrical  Resistivity 
(pD-cm)  298  K  [13] 

Melting  Tenqterature  (°Q  [14] 

CrB2 

30 

2200 

GdB4 

31 

2650 

MoB 

45 

2600 

NbB2 

26 

3000 

TaB2 

33 

3037 

VB2 

23 

2747 

ZrB2 

10 

2972 

Cr  and  B  were  simultaneously  deposited  on  p-typc  6H-SiC  epitaxial  la3rers,  some  of  which 
had  not  been  oxidized  to  prevent  the  reduction  of  die  A1  dopant  near  die  surface  during 
\  oxidation.  The  carrio’  concentrations  in  the  epitaxial  layns  ranged  from  IxlO^^  to 

8x10^*  cm‘3.  The  as-deposited  contacts  for  the  sample  with  a  earner  concentration  of 
I  IxlQl*  cm‘3  displayed  rectifying  behavior  with  low  leakage  currents  (-4x10-*  at  10  V)  and 

idealify  factors  between  1.5  and  1.9.  Rectification  was  expected  since  the  contacts  had  not  been 
,  annealed,  and  large  SBH’s  normally  exist  for  as-deposited  contacts  on  p-type  SiC 

The  samples  were  armealed  at  1000°C  for  total  times  varying  from  60  to  300  s  in  an  Ar 
ambient  A  subsequent  anneal  for  60  s  at  1100®C  in  Ar  was  also  performed.  After  60  s  at 
1000°C,  the  contacts  showed  substantial  changes  in  dieir  eleetdeal  characteristics.  The  contacts 
became  very  leaky,  or  semi-ohmic.  As  the  annealing  time  increased,  the  contacts  became  more 
'  ohmic-likB  and  the  resistivity  decreased.  A  slight  increase  in  resistivity  of  many  of  the  contacts 

was  displayed  after  annealing  at  1100°C.  An  insulating  oxide  at  the  surface,  which  was  a 
problem  after  annealing  Ni/NlAl/SiC  at  1000°C  for  60-80  s,  has  not  been  a  problem  during 
electrical  probing  of  the  annealed  Cr-B  contacts. 
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D.  Conclusions 

Nickel-aluminum  was  investigated  primarily  as  an  ohmic  contact  for  p-type  6H-SiC 
because  of  the  p-type  doping  of  A1  in  SiC,  die  high  melting  point  of  NiAl  (as  conpared  to  Al), 
and  the  tendency  of  Ni  to  form  silicides  but  not  carbides.  This  latter  property  potentially  could 
have  resulted  in  extraction  of  Si  from  the  SiC  lattice  in  exchange  for  Al,  thereby  enhancing  the 
p-type  carrier  concentration  at  the  surface.  Although  the  I-V  measurements  indicate  that  some 
Al  may  be  diffusing  into  the  SiC  after  the  longest  aimealing  time  performed  (80  s  at  1000®Q, 
this  potential  for  reaction  between  Al  and  SiC  appears  to  be  exceeded  by  die  driving  force  for 
Al  to  diffuse  to  the  surface  and  react  with  O.  A  concentration  profile  obtained  from  AES 
analysis  shows  that  Al  has  diffused  through  the  KXX)  A  Ni  overiayer  to  form  a  thin  (2(X)  A 
estimated)  oxide  layer. 

In  addition  to  the  ohmic  behavior  resulting  from  annealing  the  NiAl  contacts,  as-deposited 
Ni,  NiAl,  and  Au  contacts  deposited  at  room  temperature  on  p-tyT)e  (Na  <  5xlOl<5  cm*3) 
6H-SiC  ((XX)1)  woe  rectifying  with  low  leakage  currents,  ideality  factors  between  1.3  and  2.4, 
and  SBH’s  of  1.31, 1.27,  and  1.37  eV,  respectively.  These  results  indicate  that  the  Fermi  level 
is  partially  pinned  at  p-type  SiC  surface,  in  agreement  with  our  previous  results  on  n-type  SiC 
As  an  alternative  to  Al  for  fabricating  ohmic  contacts  to  p-type  6H-SiC  Cr-B  contacts  were 
investigated  because  of  its  low  resistivity,  high  melting  ten[q)erature,  and  reduced  tendency  for 
oxidation  of  B  (compared  to  that  of  Al).  In  the  as-deposited  cmidition  these  contacts  were 
rectifying  with  low  leakage  currents.  After  annealing  at  1000  ®C  for  60  s,  the  ccmtacts  displayed 
semi-ohmic  behavior  and  became  less  resistive  witii  successive  60  s  aniiMk  to  a  total  tirfift  of 
300  s.  This  annealing  series  will  be  continued. 

E.  References 

1.  D.  Alok,  B.  J.  Baliga,  and  P.  K.  McLarty,  lEDM  Technical  Digest  lEDM  1993,  691 
(1993). 

2.  J.  Crofton,  P.  A.  Barnes,  J.  R.  Williams,  and  J.  A.  Edmond,  AppL  Phys.  Lett  62  (4), 
384(1993). 

3.  V.  A.  Dmitriev,  K.  frvine,  and  M  Spencer,  Appl.  Phys.  Lett  64  (3),  318  (1994). 

4.  R.  C.  Glass,  J.  W.  Palmour,  R.  F.  Davis,  and  L.  S.  Porter,  U.S.  Patent  No.  5,323,022 
(1994). 

5.  H.  H.  Berger,  Solid  State  Electron.  15  (2),  145  (1972). 

6.  V.  M.  Bermudez,  J.  AppL  Phys.  63  (10),  4951  (1988). 

7.  T.  Nakata,  K.  Koga,  Y.  Matsushita,  Y.  Ueda,  and  T.  Niina,  in  Amorphous  and 
Crystalline  Silicon  Carbide  and  Related  Materials  //,  M.  M.  Rahman,  C.  Y.-W.  Yang, 
and  G.  L.  Harris  (eds.),  Vol.  43,  (Springer- Verlag,  Berlin,  1989). 

8.  W.  Suttrop,  G.  Pens!,  and  P.  Lanig,  Appl.  Phys.  Lett  A  51, 231  (1990). 

9.  W.  C.  Mitchel,  M.  Rogh,  A.  O.  Evwaraye,  P.  W.  Yu,  and  S.  R.  Smith,  J.  Electronic 
Mater.  25  (5),  863  (1996). 

10.  E  N.  Mokhov,  Y.  A.  Vodakov,  G.  A.  Lomakina,  V.  G.  Oding,  G.  F.  Kholuanov,  and 
V.  V.  Semenov,  Soviet  Physics  -  Semiconductors  6  (3),  414  (1972). 

11.  G.  Pensl  and  W.  J.  Choyke,  Phys.  B  185,  264  (1993). 


25 


12.  E.  N.  Mokhov,  Y.  A.  Vodakov,  and  G.  A.  Lomakina,  Soviet  Physics  -  Solid  State  11 
(2),  415  (1969). 

13.  C.  van  Oixlorp,  Solid  State  Electronics  14, 613  (1971). 

14.  G.  V.  Samsonov  and  L  M.  Vinitskii,  Handbook  of  Refractory  Borides  (Plenum  Press, 
New  York,  1980). 

15.  Binary  Alloy  Phase  Diagrams,  2nd  Edn.,  T.  B.  Massalski  (ed.),  (ASM  International, 
Materials  Park,  Ohio,  19^). 

16.  R.  F.  Davis,  R.  J.  Nemanich,  M.  O.  Abeolfotoh,  J.  P.  Bamak,  M.  C.  Benjamin,  R.  S. 
Kem,  S.  W.  King,  and  L.  M.  Porter,  Semiannual  Techitical  Report,  Office  of  Naval 
Research,  Grant  #N00014-92-J-1500,  June,  1995. 


26 


VI.  Characterization  of  Zirconium-Diamond  Interfaces 

A.  Introduction 

Negative  electron  affinity  (NEA)  surfaces  based  on  wide  bandgap  semiconductors  like 
diamond  could  enable  the  development  of  cold  cathodes.  So  far  n-type  doping  of  diamond 
remains  a  major  challenge.  The  election  affinity  of  a  semiconductor  corresponds  to  the  energy 
difference  between  the  vacuum  level  and  the  conduction  band  minimum.  Usually  the 
conduction  band  minimum  lies  below  the  vacuum  level  resulting  in  a  positive  electron  affinity 
surface.  For  wide  bandgap  semiconductors  like  diamond  the  conduction  band  minimum  is 
likely  to  be  close  to  the  vacuum  level.  For  a  NEA  surface  the  electrons  from  the  conduction 
band  minimum  have  sufficient  en^gy  to  overcome  the  surface  potential  and  can  be  emitted  into 
vacuum.  Various  surface  treatments  can  induce  or  inhibit  a  NEA  on  diamond  surfaces  [1-6]. 
Such  treatments  include  plasma  cleaning  as  well  as  annealing  in  ultra  high  vacuum  (UHV). 
Subsequent  to  a  wet  chemical  etch  the  diamond  surfaces  are  terminated  by  oxygen.  This 
chemisorbed  oxygen  layer  forms  a  surface  dipole  that  results  in  an  increase  in  the  surface 
workfunction.  It  is  found  that  such  a  surface  exhibits  a  positive  electron  affinity.  For  the 
diamond  (100)  surface  an  anneal  to  900-10S0‘C  or  a  H-plasma  clean  results  in  a  NEA  and  a 
2x1  reconstructed,  oxygen  free  surface  [3,  5,  6].  The  different  threshold  temperatures  are 
related  to  different  wet  chemical  pre-treatments  [3].  However  for  all  these  treatments  a  positive 
electron  affinity  and  a  2x1  reconstruction  are  observed  following  a  1150*C  anneal  [6].  The 
diamond  (100)  surface  has  been  proposed  to  be  terminated  by  a  monohydiide  subsequent  to  a 
900-1050*C  anneal  or  a  H-plasma  exposure.  Ab  initio  calculations  for  the  2x1  reconstructed 
surface  predict  a  NEA  for  a  monohydride  terminated  surface  and  a  positive  electnm  affinity  for 
an  adsorbate  free  surface  [5]. 

Depositing  a  few  A  of  a  metal  like  Ti,  Ni,  Co  or  Cu  on  diamond  can  induce  a  NEA  [7, 8, 
9, 10, 3].  The  presence  of  a  NEA  or  positive  electron  affinity  has  been  correlated  with  different 
stractures  of  the  metal-diamond  interface.  Metal-diamond  structures  with  a  NEA  have  been 
found  to  exhibit  lower  Schottky  barrier  heights  than  those  with  a  positive  electron  affinity. 
Schottky  barrier  height  measurements  have  been  reported  for  metals  deposited  on  (100),  (111) 
and  polycrystalline  diamond  surfaces  [3,  7-20].  No  significant  dependence  of  the  Schottky 
barrier  height  on  the  metal  work  function  has  been  found.  Lower  Schottky  barrier  heights  have 
been  reported  for  metal  films  deposited  on  adsorbate  free  siufaces  than  for  surfaces  tmninated 
by  species  such  as  hydrogen  or  oxygen. 

Photoemission  spectroscopy  is  found  to  be  a  very  sensitive  method  to  distinguish  between 
a  NEA  or  positive  election  affinity.  Elections  get  photoexcited  from  the  valence  band  into  states 
in  the  conduction  band  and  can  quasi  thermalize  to  the  conduction  band  minimimi.  Secondary 
elections  from  the  conduction  band  minimum  appear  as  a  sharp  peak  at  the  low  kinetic  energy 
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end  of  photoemission  spectra  for  NEA  surfaces  [14, 21].  While  photoemission  spectroscopy 
determines  the  emission  properties  of  the  surface  itself,  field  emission  data  reflect  a 
combination  of  carrier  injection,  transport  and  emission  processes.  In  this  study  diamond  (100) 
surfaces  have  been  cleaned  by  anneals  to  500'C  or  1050*C.  Thin  Zr  films  were  deposited  on 
these  diamond  substrates.  The  surface  properties  were  analyzed  before  and  after  Zr  deposition. 

B.  Experimental  Procedure 

Several  natural  p-type  single  crystal  semiconducting  diamond  (100)  substrates  were  used  in 
this  study.  To  remove  nondiamond  carbon  and  metal  contaminants  an  electrochemical  etch  has 
been  employed.  Details  of  this  technique  have  been  described  earlier  [22, 3].  The  samples  were 
then  loaded  into  a  UHV  system  consisting  of  several  interconnected  chambers  featuring 
capabilities  for  annealing,  metal  deposition,  ARUPS  and  AES.  Two  different  in  vacuo  cleaning 
processes  were  used  to  study  the  effect  of  surface  treatment  on  the  characteristics  of  the 
zirconium  -  diamond  interface.  One  procedure  involved  annealing  the  wafers  to  500*C  for  10 
minutes.  And  the  other  involved  a  1 150*0  anneal  for  10  minutes.  The  base  pressure  in  the 
annealing  chamber  was  ~  1x10"*®  Torr  and  rose  to  ~  8x10"*°  Torr  and  ~7xl0“’  Torr  during 
the  aimeals,  respectively.  Subsequent  to  the  anneal  a  Zr  e-beam  evaporator  was  employed  to 
deposit  2  A  thick  films.  A  quartz  crystal  monitor  was  used  to  measure  the  thickness.  During 
deposition  the  pressure  was  ~  2x10“’  Torr.  Following  each  annealing  and  deposition  step, 
UPS  and  AES  were  used  to  characterize  the  samples. 

The  presence  of  a  Zr  film  was  confirmed  by  means  of  AES.  AFM  images  of  the  diamond 
wafers  clearly  display  linear  groves  with  a  depth  of  ~  20  A.  This  surface  structure  is  due  to 
polishing  the  samples  with  diamond  grit.  No  island  structures  were  observed  in  AFM 
measurements  after  2  A  of  deposition,  indicating  a  uniform  2D  layer. 

A  discharge  lamp  was  employed  to  excite  Hel  (21.21  eV)  radiation  to  facilitate  the 
photoemission  and  a  50  mm  hemispherical  analyzer  with  an  energy  resolution  of  0.15  eV  was 
used  to  detect  the  emitted  electrons.  To  overcome  the  workfunction  of  the  analyzer  a  bias  of 
2  V  was  applied  to  the  sample.  It  was,  therefore,  possible  to  detect  the  low  energy  electrons 
emitted  from  the  NEA  surface  as  a  sharp  peak  at  the  low  energy  end  of  UPS  spectra.  The 
position  of  this  feature  corresponds  to  the  energy  position  of  the  conduction  band  minimum, 
Ec-  Electrons  emitted  fiom  E^  appear  at  Ey  +  Eq  in  the  spectra,  where  Ey  is  the  energy  of 
the  valence  band  maximum  and  Eq  the  bandgap  energy.  Furthermore,  electrons  from  Ey  get 
photoexcited  to  an  energy  level  at  Ey  +  hv  in  the  conduction  band  and  are  obviously  detected 
at  Ey  hv  in  UPS  spectra.  This  corresponds  to  the  high  kinetic  energy  end  of  the  spectra. 
Therefore  the  spectral  width  for  a  NEA  surface  is  hv  -  Eg .  Using  the  value  of  hv  =  21.21  eV 
for  Hel  radiation  and  E^  =  5.47  eV  for  the  bandgap  of  diamond,  a  spectral  width  of  ~  15.7  eV 
is  obtained.  For  a  surface  with  a  positive  electron  affinity  the  low  energy  cutoff  is  determined 
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by  the  vacuum  level.  This  results  in  a  smaller  value  for  the  spectral  width  as  compared  to  the 
case  of  a  NEA. 

Photoemission  spectra  that  exhibit  features  from  both  the  semiconductor  and  the  metal  can 
be  used  to  determine  the  Schottky  barrier  height  Og  (Fig.  1). 


Figure  1.  Schematic  diagram  of  photoemission  spectra  for  metal  deposited  on  diamond. 

The  Schottky  barrier  height  Og  is  determined  from  the  difference  between  the 
position  of  the  valence  band  edge  of  diamond  Ey  and  the  metal  Fmmi  level  Ep . 

This  method  is  only  suitable  for  metal  fflms  with  thicknesses  equal  to  or  less  than  the 
electron  mean  free  path  ( ^  5  A).  For  p-type  semiconductors  like  diamond,  Og  corresponds  to 
the  difference  between  the  position  of  the  valence  band  edge,  Ey ,  of  the  semiconductor  and  the 
Fermi  level  of  the  metal,  Ep.  But  the  relatively  weak  onset  of  emission  at  Ey  may,  however, 

be  obscured  by  the  metal  Fermi  level  even  for  metal  layers  thinner  than  die  mean  free  path.  As 
an  independent  method  Ey  can  be  referenced  to  some  strong  features  in  die  diamond  spectrum 
before  metal  deposition.  In  our  case  a  feature  positioned  at  8.3  eV  below  Ey  has  been  chosen. 
For  a  NEA  the  position  of  the  low  energy  tumon  (which  corresponds  to  E^)  can  also  be  used 
as  a  reference  to  find  Ey  (which  is  the  high  energy  tumon  of  the  spectrum).  The  difference 
between  Ec  and  Ey  has  to  be  hv-Eo. 

The  base  pressure  in  the  field  emission  chamber  was  ~  2x10“^  Torr.  To  determine  the 
current  -  voltage  characteristics  a  bias  of  0  to  1  lOOV  was  applied  between  the  sample  and  a 
2  mm  diameter  platinum  anode  with  a  rounded  tip.  The  distances  were  varied  between  2  and 
20  pm. 

C.  Results  and  Discussion 

AES  spectra  of  the  as-loaded  samples  clearly  exhibited  oxygen  peaks.  Following  a  500*C 
aimeal  the  oxygen  feature  was  only  slightly  reduced.  Upon  heating  the  samples  to  1 150*C 
oxygen  could  no  longer  be  detected  by  means  of  AES.  By  employing  UPS  a  positive  electron 


29 


affinity  of  x  =  eV  and  of  x  =  0-7  eV  were  observed  for  the  crystals  annealed  to  500"C  and 
1 150*C,  respectively.  These  values  correspond  to  previous  results  [5, 9]  Oxygen  chemisorbed 
to  diamond  is  expected  to  induce  a  stronger  surface  dipole  and  therefore  cause  an  increase  in 
the  woikfunction  compared  to  a  clean  surface.  Our  results  are  consistent  with  this.  Depositing 
2 A  of  Zr  onto  oxygen  terminated  diamond  (100)  samples  resulted  in  a  NEA  (Fig.  2a).  A 
Schottky  barrier  height  of  Og  =  0.9  eV  was  determined  by  UPS.  Subsequent  to  deposition  of 
lA  of  Zr  on  clean  diamond  (100)  surfaces  a  NEA  was  observed  and  the  spectrum  shifted 
~  0.3  eV  toward  lower  energies  (Fig.  2b).  A  lower  Schottky  barrier  height  of  Og  =  0.7  eV 
was  measured.  This  structure  exhibited  emission  even  below  the  conduction  band  minimum 
Ec.  A  summary  of  these  results  is  shown  in  Table  I.  The  averages  and  standard  deviations  of 
the  field  emission  measurements  at  different  distances  are  shown  as  the  field  emission 
threshold  and  the  barrier  height  The  threshold  ciurent  is  0.1  ^lA.  (PEA:  positive  electron 
affinity,  NEA:  negative  electron  affinity.)  The  electron  affinity  of  a  p-type  semiconductor 
following  metal  deposition  is  given  by  equation  (1)  [21]. 


X  =  (<I>m+‘J’b)-Eg 


(1) 


Figure  2.  UV  photoemission  spectra  of  2 A  of  Zr  deposited  on  a  diamond  (100)  surface 
annealed  to  a)  500’C  b)  1150’C.  Metal  induced  NEA’s  are  observed  upon 
deposition  of  7x  for  both  a)  and  b).  For  b)  emission  below  E^  is  detected. 
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Using  the  bandgap  of  diamond  Eq  =  5.47  eV,  the  workfunction  of  Zr  =  4.05  eV  and 

the  measured  Schottky  barrier  heights  one  can  calculate  electron  affinities  of  %  =  -  0.52  eV  for 
the  oxygen  teiminated  surface  and  x  =  -  0.72  eV  for  the  clean  surface.  These  results  are  in 
agreement  with  the  detection  of  metal  induced  NEA's  by  means  of  UPS.  The  emission  detected 
below  Ec  for  the  clean  surface  is  consistent  with  the  calculated  value  of  %  =  -  0.72  eV.  The 
fact  that  no  emission  below  Ec  was  observed  for  Zr  on  oxygen  terminated  diamond  may  be 
due  to  a  different  interface  structure. 


Table  L  Results  of  Electron  Emission  Measurements. 


Sanqile 

UPS 

Field  Emission 
Threshold  (V/|im) 

Barrier  Height 
(eV) 

C(IOO) 

after  500*C  anneal  after  1 150*C  anneal 
PEA,  X  =  1.4  eV  PEA,  %  =  0.7  eV 

79  ±7 

0.23  ±  0.01 

Zr/C(100) 

oxygen 

NEA,  X  <  0,  Ob  =  0.9  eV 

49  ±4 

0.20  ±  0.01 

Zr/C(100) 

clean 

NEA,  X  <  0,  Ob  =  0.7  eV 

20  ±3 

0.09  ±  0.01 

This  simple  workfunction  model  has  been  used  successfully  to  explain  NEA  or  positive 
electron  affinity  effects  for  systems  like  Ti  or  Ni  layers  on  diamond  (1 1 1)  surfaces  [7, 8]  and 
Co  or  Cu  films  on  diamond  (100)  siufaces  [9, 10].  It  has  been  found  that  Ni  deposited  on  Ar 
plasma  cleaned  diamond  (111)  substrates  induced  a  NEA.  An  Ar  plasma  or  a  950*C  anneal 
result  in  a  (1 1 1)  surface  free  of  adsorbates  [4].  In  comparison,  a  positive  electron  affinity  and  a 
larger  Schottky  barrier  were  observed  for  thin  Ni  films  on  (111)  surfaces  terminated  by 
hydrogen.  Theoretical  results  of  the  Ni  -  diamond  interface  have  been  reported  by  Erwin  and 
Pickett  [24-27]  and  Pickett,  Pederson  and  Erwin  [28].  The  most  stable  configuration  for  clean 
(111)  and  (100)  siufaces  resulted  in  a  Schottky  barrier  height  of  less  than  0.1  eV.  Lambrecht 
calculated  the  Schottky  barrier  height  for  copper  on  diamond  (111)  surfaces.  A  value  of  less 
than  0.1  eV  for  a  clean  surface  and  greater  than  1.0  eV  for  a  surface  terminated  with  hydrogen 
were  found  [29].  These  results  indicate  that  the  Schottky  barrier  height  depends  on  the  interface 
termination.  Lower  values  for  the  Schottky  barrier  height  and  a  greater  likelihood  of  inducing  a 
NEA  are  expected  for  metals  deposited  on  clean  surfaces  than  on  non  adsorbate  free  surfaces. 
The  Schottky  barrier  heights  reported  in  this  study  for  Zr  on  diamond  are  in  agreement  with 
this.  It  is  significant  that  a  metal  induced  NEA  was  observed  for  deposition  of  Zr  on  both  clean 
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and  oxygen  terminated  surfaces.  Previously  a  positive  electron  affinity  was  found  for  Ti  on  a 
oxygen  terminated  diamond  (100)  surface  [7].  Ti  has  a  woikfunction  only  0.3  eV  higher  than 
that  of  Zr.  So  far  only  metal  diamond  interfaces  with  low  workfunction  metals  like  Cs  have 
been  reported  to  exhibit  a  NEA  for  non  adsorbate  fee  diamond  surfaces  [30]. 

Field  emission  measurements  were  performed  on  diamond  samples  and  on  Zr  films 
deposited  on  oxygen  terminated  and  clean  diamond  surfaces.  The  emission  threshold  field  was 
defined  for  a  current  of  0.1  |iA.  Thresholds  between  20  and  79  V/^m  were  measured.  For  a 
summary  see  Table  I.  Values  of  the  same  magnitude  have  been  reported  previously  for 
diamond  samples  [31,  32].  As  an  example  I-V  curves  for  the  diamond  surface  are  shown  in 
Fig.  3.  The  results  ftom  the  field  emission  measurements  have  been  compared  to  the  Fowler- 
Nordheim  equation  [33] : 


-6530d9^"| 


(2) 


voltage  (V) 

Figure  3.  Field  emission  current  -  voltage  curves  for  a  type  Ilb  single  crystal  diamond 
(100)  sample.  Distances  between  the  sample  and  the  anode:  a)  3.3  pm, 
b)  4.3  pm,  c)  5.6  pm,  d)  8.5  pm. 

I  is  the  current  in  amps,  V  is  the  bias  in  volts,  d  is  the  distance  between  the  sample  and  the 
anode  in  microns,  k  is  a  constant  and  9  is  the  effective  barrier  height  in  eV.  The  field 
enhancement  factor  has  been  neglected  since  the  surfaces  have  been  found  to  be  essentially  flat 
by  means  of  AFM.  By  fitting  the  field  emission  data  to  equation  (2)  the  effective  barrier  heights 
9  were  obtained  as  shown  in  Table  I.  Depositing  Zr  onto  both  oxygen  terminated  and  clean 
diamond  (100)  surfaces  improves  the  emission  properties.  The  best  results  were  obtained  for 
Zr  on  the  clean  surface.  Both  UPS  and  field  emission  measurements  show  these  trends 
consistently. 
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D.  Conclusions 

Thin  films  of  Zr  were  grown  on  diamond  (100)  surfaces  annealed  to  500*C  or  1150*C. 
Using  UPS  the  diamond  san:q)les  were  found  to  exhibit  a  positive  electron  affinity  after  either 
one  of  the  heat  treatments.  Metal  induced  NEA's  were  observed  for  Zr  deposition  on  either  one 
of  these  surfaces.  For  Zr  on  clean  surfaces  emission  even  below  Ec  was  detected.  Depositing 

Zr  on  diamond  reduced  both  the  field  emission  threshold  and  the  effective  barrier  height  in  a 
manner  consistent  with  the  UPS  results. 


E.  Future  Research  Plans  and  Goals 

The  fabrication  and  characterization  of  metal  contacts  to  diamond  needs  to  be  studied.  The 
goal  is  to  inject  electrons  into  diamond.  Future  research  will  focus  towards  obtaining  a  better 
understanding  of  the  field  emission  properties.  We  also  plan  to  incorporate  the  NEA  surfaces 
into  emission  devices. 
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Nitrogen-based  Materials 


VII.  Solvent  Systems  for  Solution  Growth  of  Single  Crystal 
Aluminum  Nitride 

A.  Introduction 

Aluminum  nitride  (AIN)  in  single  crystalline  form  has  received  considerable  interest  from 
many  scientists  due  to  its  exceptional  electronic,  optical  and  piezoelectric  properties.  In 
conjunction  with  its  superior  bulk  properties,  single  crystal  AIN,  as  a  substrate  is  an  important 
constituent  in  the  ongoing  research  concerning  high-temperature  and  high-frequency 
semiconductor  devices.  In  the  past  three  decades,  crystal  growos  have  attempted  to  achieve 
bulk  growth  of  single  crystals  of  numerous  semiconductor  compounds  via  different 
techniques.  Among  these  methods,  the  solution  growth  technique  offers  a  number  of 
advantages  over  the  other  techniques  for  those  materials  that  have  extreme  melting  temperatures 
and  decompose  before  melting,  such  as  AIN.  The  solution  growth  technique  enables  one  to 
grow  crystals  at  a  very  low  temperature  compared  to  the  temperature  required  for  growth  fiom 
the  pure  melt  Also,  the  solution  growth  is  considered  the  fastest  and  cleanest  way  of 
producing  dislocation-free,  bulk  single  crystals. 

Solution  growth  of  AIN  [1,  2]  has  been  limited  by  the  lack  of  a  solvent  that  could  both 
dissolve  AIN  at  appreciable  rates  and  remain  inert  to  reaction  with  the  container.  An  extensive 
experimental  study  of  this  method  for  growing  unseeded  AIN  single  crystals  has  been 
conducted  by  Dugger  [1, 2]  using  AlN-Ca3N2  solutions  contained  in  graphite  crucibles.  The 
solutions  were  cooled  at  2®/hr  for  26  hours  from  1550°C.  Small  (1.1  mm  long  x  0.3  wide)  AIN 
crystals  were  achieved  via  nucleation  on  the  walls  of  the  crucible.  The  most  in^rtant  aspect  of 
this  work  is  that  Ca3N2  is  an  effective  solvent  for  AIN  with  solubilities  exceeding  10%  at 
12(X)®C.  However,  it  is  incompatible  with  graphite  crucibles.  Research  reported  here  was 
performed  towards  proving  the  feasibility  of  this  technique;  thus,  the  experimental  set-up  used 
is  not  suitable  for  solution  growth  of  large  boules.  To  our  knowledge,  the  information 
presented  in  this  report,  with  the  exception  of  Ca3N2-AlN  system,  has  not  been  proposed  or 
experimented  by  another  researcher  for  the  same  piupose. 

B.  E;q>erimental  Procedure 

For  compounds  with  high  melting  points  such  as  AIN,  the  flux  growth  technique  can 
provide  an  opportunity  to  grow  single  crystals  of  these  materials  at  relatively  low  temperatures. 
Solution  growth  of  these  materials  is  also  considered  the  fastest  and  the  cleanest  way  of 
producing  dislocation-free  bulk  single  crystals.  In  this  technique,  saturation  of  selected 
reactants  is  achieved  in  a  solvent  which  is  subsequently  cooled  to  allow  precipitation  and 
growth  of  the  desired  single  crystal  phase.  For  boule  growth,  good  solubility  ^10%)  of  the 
desired  phase  in  the  solvent,  inert  containers  and  the  ability  to  continuously  supply  the  source 
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material  to  the  solvent  are  necessary.  In  using  the  solution  growth  method,  crystal  growth  can 
be  achieved  via  three  different  approaches. 

Hie  first  route  is  called  the  slow-cooling  method  and  can  be  designated  by  the  route  from  A 
to  C  in  Fig.  1.  Here  the  tenqierature  of  the  solution  is  decreased  from  A  to  B  and  the  crystal 
growth  occurs  from  B  to  C.  The  second  route  is  the  temperature  gradient  transport  method 
where  the  source  is  placed  in  a  hot  zone  (D)  and  the  seed  in  low  temperature  zone  (E)  and 
crystal  growth  is  achieved  at  the  cooler  end.  The  third  route,  which  is  not  shown  on  the  phase 
diagram,  is  the  solvent  evaptnation  method  where  the  solvent  is  slowly  evaporated  in  order  to 
decrease  the  solubili^  of  the  solute  in  the  solution,  thus  precipitating  out  the  dissolved  material. 
This  route,  in  reality,  follows  the  pathway  of  B  to  C.  Our  attention  of  a  possible  solution 
growth  system  is  directed  towards  utilizing  the  first  two  methods  since  in  die  latter  method  puts 
too  many  omstraints  on  the  solvent  material. 


Figure  1.  Sketch  of  crystal  growth  routes  on  a  binary  (or  pseudo-binary)  phase  diagram. 

When  selecting  a  flux  (solvent)  for  a  high-temperature  solution  growth  process,  the 
following  specific  properties  are  desirable: 

•  the  solute  and  the  solvent  must  be  completely  miscible,  but  not  form  a  solid  solution; 

•  the  solvent  must  have  a  relatively  low  melting  ten^rature; 

•  high  temperature  dependence  of  solubility; 

•  a  common  ion  is  favorable  to  prevent  contamination; 

•  low  viscosity; 

•  low  pressure; 

•  melting  point  must  be  lower  than  that  of  the  solute; 
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•  toxicity,  expense  and  purity  should  also  be  considered; 

•  ease  of  separation  afiter  processing; 

•  conpatibility  with  selected  crucible  materials;  and 

•  specific  to  our  purposes,  a  high  solubility  for  aluminum  and  for  nitrogen  was  also 
desired. 

A  basic  sketch  of  a  high-temperature  solution  growth  system  required  for  such  a  study  is 
shown  in  Fig.  2.  Such  a  configuration  will  allow  studies  at  precisely-controlled  temperatures, 
temp^ture  gradients  and  pressures. 


Figure  2.  Solution  growth  system. 

Solvents  for  AIN.  We  have  considered  four  different  categories  of  solvents  that  could  be 
used  to  dissolve  AIN:  1)  metal  solvent  systems,  2)  nitride  systems,  3)  binary  or  ternary  oxide 
systems  and,  4)  reductitxi  of  a  nitride  in  aluminum 

Metal  solvents  have  been  used  extensively  in  flux  growth  of  many  compounds.  Metals  are 
especially  attractive  candidates  since  most  metals  satisfy  a  large  number  of  the  requirements 
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listed  earlier  and  can  also  be  obtained  in  high  purities.  Our  starting  point  in  searching  for  a 
metal  solvent  was  to  look  for  high  A1  and  N  solubilities.  For  this  purpose,  a  large  database  of 
ternary  and  binary  phase  diagrams  [3, 4]  was  searched.  After  combining  the  noted  criteria  with 
the  results  of  extensive  thermodynamic  calculations,  as  well  as  other  relevant  data  and 
experimental  studies,  it  was  decided  that  cerium,  yttrium  and  gadolinium  metals  have  strong 
possibilities  of  being  used  as  a  solvent  for  AIN  and  should  be  experimented.  During  the 
literature  search,  it  was  also  found  that  AIN  did  not  have  significant  solubility  in  Li  [5],  Cr, 
Mo,  Fe  [6, 7],  W,  Mn  or  Re  [8]. 

Instead  of  using  a  metal  solvent,  one  can  also  consider  using  another  nitride  conqmund  for 
the  same  purpose.  The  following  criteria  were  considered  for  selecting  nitrides  to  dissolve 
AIN:  the  nitride  must  be  less  stable  than  the  nitride  that  is  being  grown,  have  a  high  solubility 
for  the  solute  in  question,  and  have  relatively  low  vapor  pressure,  low  viscosity  and  a  low 
melting  temperature.  Also,  using  a  nitride  is  advantageous  due  to  the  common  nitrogen  ion. 
Among  the  list  of  conunercially  available  nitrides  with  the  above  factors  consid^od,  the 
following  were  selected:  Ca3N2,  lisN,  CusN  and  Cr2N.  Revisiting  the  idea  of  using  Ca3N2  by 
providing  remedies  to  some  of  the  problems  noted  by  Dugger  [2],  using  a  seed  crystal  was  also 
attempted.  His  studies  demonstrated  a  sufficient  solubility  of  Ca3N2  for  AIN  for  boule  growth. 
However,  this  solvent  reacted  with  all  the  containers  employed.  Contact  was  made  with  Dr. 
Dugger  and  in-depth  discussions  occurred  regarding  his  studies.  Also,  to  be  classified  in  the 
nitride  solvents,  a  Li3N-LiQ  system  was  decided  to  be  investigated.  Gentaz  et  al.,  have  proven 
that  AIN  can  be  dissolved  in  a  molten  LiQ-Li3N  system.  They  observed  that  a  mixture  of 
Li3N:4LiQ  can  easily  dissolve  three  moles  of  AIN. 

As  reported  in  several  publications,  it  is  possible  to  achieve  a  liquid  phase  in  certain 
AlN-oxide  or  AlN-oxide-nitride  systems  when  powders  of  these  are  mixed  at  conpositions  and 
temperatures  in  accordance  with  the  phase  diagrams  [10-12].  A  good  example  is  the 
AI2O3-AIN  system  [9].  This  system  was  experimented  prior  to  our  literature  search  and 
formation  of  a  solidified  liquid  consisting  of  Al-Si-O-N  was  observed.  AIN  and  AI2O3  were 
mutually  soluble  in  each  other.  However,  when  the  pseudo-binary  phase  diagram  [13]  is 
reviewed,  it  can  be  seen  that  there  is  no  phase  region  designated  to  L-i-AlN,  which  is  the 
essential  area  for  crystal  growth.  Although  no  success  was  made  with  this  system,  it  reminded 
us  that  there  could  be  oxide  systems  that  could  offer  the  liquid  to  liquid  +  AIN  transition  for 
growing  crystals.  After  an  extensive  literature  search  on  ternary  and  binary  phase  diagrams 
containing  AIN  as  an  constituent,  we  have  distinguished  the  following  system  for 
experimentation. 

The  Li20-Si3N4-AlN  system  was  investigated  by  Yen  and  colleagues  [15].  The  ternary 
phase  diagram  determined  in  this  study  is  presented  in  Hg.  3. 
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Figure  3.  Isothermal  section  at  1750®C  of  the  Ii20-Si3N4-AlN  system  [16]. 

Investigation  of  the  Si3N4-AlN-CaO  system  [16]  showed  a  phase  relationship  at  1700®C  as 
presented  in  the  isothermal  section  shown  in  Fig.  4.  The  L+AIN  region  in  this  diagram  could 
be  veiy  suitable  to  grow  AIN  crystals  from  a  liquid  consisting  of  Si3N4,  AIN  and  CaO. 


CaO 


(mol  o/o) 

Fig.  4.  Isothermal  section  of  Si3N4-AlN-CaO  system  at  1700'’C  [16]. 

Si02-AIN  is  another  system  where  constituents  are  soluble  in  each  other  and  the  phase 
diagram  indicates  a  L+AlN  region  [17].  Accotxling  to  the  quasi-binaiy  phase  diagram  shown  in 
Fig.  5,  AIN  and  Si02  are  fully  miscible  in  each  otho*  at  tenqreratures  above  the  liquidus  line. 

Since  the  phase  diagram  shown  is  a  calculated  phase  diagram,  there  is  no  sure  way  of 
knowing  whether  the  designated  phases  will  ppt  in  reality.  Therefore,  the  initial  step  in 
investigating  tiiis  system  was  to  confirm  the  existence  of  the  liquid  phase  consisting  of  AIN  and 
Si02. 
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Figure  5.  Calculated  A1N-Si20  phase  diagram  at  1  atm. 

Y2O3-ALN  phase  diagram  [18]  is  anotho*  calculated  pseudo-binaiy  phase  diagram  in  which 
desired  phase  regitxis  can  be  fotmd.  This  diagram  is  presented  in  Fig.  6. 


Figure  6.  Calculated  Y2O3-AIN  phase  diagram  at  1  atm. 

Crucible  Selection.  A  very  in^xirtant  issue  in  solution  growth  is  the  availability  of  a  durable 
and  chemically  inert  crucible.  It  has  been  mentioned  by  Dugger  [2]  that  lack  of  having  such 
crucibles  caused  noticeable  problems  in  his  studies.  To  date,  no  one  has  reported  a  crucible 
material  that  is  compatible  with  AIN  and  the  solvent  that  is  experimented.  A  considerable 
amount  of  time  was  spent  on  solving  this  problem  for  each  solution  route  that  is  explained 
above.  Free-energy  calculations  were  made  for  each  system  in  question  to  select  a  suitable 
crucible.  Calcium  oxide  (CaO)  crucibles  were  purchased  in  the  desired  shape  for  this  purpose. 
In  the  process  of  determining  suitable  crucibles  for  our  e3q)eriments,  the  following  two  graphs 
(see  Figs.  7  and  8)  were  constructed  fiom  the  available  thermochemical  data. 
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Figure  7.  Free  eneigy  vs.  tempoature  for  various  nitrides  of  interest 

Also,  hot  pressed  AIN  crucibles  were  purchased  to  be  used  in  some  of  the  solubility 
experiments.  Since  CaO  crucibles  arc  rather  costly  to  obtain.  Fig.  8  can  be  used  to  determine 
for  which  S3^tems  such  crucibles  arc  needed. 

It  is  believed  that  using  AIN  crucibles  would  be  advantageous  in  systems  where  the  exact 
composition  of  the  mixture  is  not  known.  If  the  solution  can  dissolve  more  AIN  tiian  was 
mixed  in  powder  form,  then  it  would  be  able  reach  saturation  for  a  given  temperature  by 
dissolving  the  crucibles.  By  this  course  of  thinking,  any  solvent  considered  can  easily  be  tested 
by  heating  it  in  AIN  crucibles.  Since  the  surfaces  of  crucibles  were  relatively  smooth  prior  to 
ejqreriments,  any  attack  can  easily  be  seen. 

C.  Results  and  DiscussitMi 

Similar  experimental  procedures  were  used  to  investigate  the  following  systems.  Due  to  the 
hydroscopic  nature  of  the  powders  used  and  to  obtain  good  panicle  to  particle  contact,  powders 
were  cold  pressed  into  pellet  form  in  a  glove  box.  After  cold  pressing,  pellets  were  loaded  into 
the  solution  system  in  which  they  were  dried  at  150°C  under  vacuum.  Usually,  samples  were 
left  under  vacuum  overnight  until  the  system’s  base  pressure  was  reached.  After  the  system 
was  backfilled  with  ultra  high  purity  N2,  desired  time-terr^reraturc  recipes  were  in^lemented. 
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Metals.  Yttrium,  gadolinium  and  cerium  rare  earth  metals  were  e?q)eiimented  as  possible 
solvents.  These  metals  were  melted  in  AIN  crucibles  for  prolonged  periods  of  time.  The  melt 
was  then  slowly  cooled  to  allow  any  AIN  that  might  have  been  dissolved  to  precipitate  out. 
Later  the  solidified  melt  was  dissolved  by  an  acid  that  only  reacted  with  the  metal.  After  this 
procedure,  AIN  crucibles  were  carefully  examined  under  an  optical  microscope.  No  damage 
was  observed  on  the  crucibles,  which  indicates  that  AIN  was  not  dissolved  by  any  of  the  rare 
earth  metals. 

Nitrides,  After  extensive  thermodynamical  calculations,  a  suitable  crucible  material  was 
found  to  be  used.  Due  to  Ca3N2’s  high  vapor  pressure  at  the  growth  temperatures  and  its 
highly  hygroscopic  nature,  our  attempts  to  use  Ca3N2  as  a  flux  failed.  Since  the  CaO  crucibles 
used  were  not  machinable  into  shapes  that  can  be  sealed,  an  essential  amount  of  Ca3N2  was 
lost  during  experiments.  The  experimental  procedure  used  was  similar  to  that  pursued  in 
Dugger’s  work.  For  this  compound  to  be  used  as  a  flux,  excessive  evaporation  must  be 
prevented. 

As  stated  earlier,  experiments  involving  the  LiCl-LyN-AlN  system  were  based  on  the 
initial  work  done  by  Gentaz  et  al.,  [14].  A  mixture  of  55  %wt  LiCl,  20  %wt  Li3N  and  25  %wt 
of  AIN  was  cold  pressed  into  pellets.  These  pellets  were  then  loaded  into  molybdenum  (Mo) 
cmcibles  and  heated  up  to  950°C.  The  melt  was  then  cooled  down  to  room  temperature  in  three 
hours.  The  solidified  melt  was  found  to  be  fully  soluble  in  water  which  suggested  thar  no  AIN 
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crystals  had  deposited.  Also,  the  hot  pressed  piece  of  AIN  placed  in  the  crucible  was  not 
attacked  by  the  melt  It  is  believed  that  these  experiments  should  be  repeated  under  much 
slower  cooling  rates. 

Binary  or  Ternary  Oxide  Systems.  To  study  the  Si02-A1N  system,  pellets  with  4:1  weight 
ratio  of  SiC)2  to  AIN  were  prepared  and  cold  pressed.  After  the  drying  step  described  above, 
the  mixture  was  then  heated  up  to  2000°C  in  boron  nitride  (BN)  crucibles  and  soaked  at  this 
ten[q)eratore  for  1  hr.  R2q)idly-cooled  samples  woe  then  analyzed  by  X-ray  difftaction.  Prior 
visual  examination  showed  that  the  pellets  had  indeed  melted  and  formed  a  liquid  phase 
mixture.  No  weight  loss  was  detected  due  evaporation  of  the  either  specie.  X-ray  pattern 
obtained  from  the  solidified  mixture  was  believed  to  represent  that  of  a  Si-Al-O-N  compound 
of  unknown  composition  since  it  did  not  show  any  resemblance  to  AIN  or  SiC>2  diffraction 
patterns.  This  result  was  also  confirmed  by  heating  fully  dense  solid  shapes  of  AIN  and  SiC>2. 
It  was  again  observed  that  a  melt  mixture  forms  at  temperatures  above  19(X)X. 

The  next  step  was  to  design  and  execute  a  crystal  growth  experiment  in  which  the  solution 
is  slowly  cooled  across  the  L+N  region.  For  this  experiment,  the  mixture  was  solutionized  at 
2000®C  for  2  hrs  and  then  cooled  down  to  1400®C  with  a  temperature  gradient  of  10®Cyhr. 
Since  the  phase  diagram  taken  as  basis  was  theoretically  drawn,  hot  pressed  AIN  crucibles 
were  used  in  order  to  ensure  saturation  of  the  solution  with  respect  to  AIN.  Small,  needle-like, 
transparent  crystals  were  grown  on  the  outer  face  of  the  AIN  crucible.  These  crystals  are 
currently  being  analyzed  to  determine  their  coir^>osidon. 

To  study  Li20-Si3N4-AlN,  Si3N4-AlN-CaO  and  Y2C)3-AIN  systems,  cold  pressed  pellets 
at  desired  compositions  have  already  been  prepared  and  experiments  will  be  poformed  in  the 
near  future. 

D.  Summary  and  Future  Work 

The  results  of  the  solution  growth  experiments  and  the  future  work  that  needs  to  be  done 
are  summarized  in  Table  I. 

It  should  be  noted  that  due  to  time  spent  on  alternative  bulk  growth  techniques  and  the 
detailed  nature  of  the  experiments,  not  all  of  the  suggested  solvents  w^  examined.  However, 
all  systems  will  be  tested  and  reports  will  be  upgraded  accordingly. 
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ABSTRACT 

Thin  films  of  Al^Gai-xN  (0.05  <  x  <  0.96)  having  smooth  surfaces  were  deposited  directly  on 
both  vicinal  and  on-axis  6H-SiC(0001)  substrates.  Cross-sectional  TEM  of  Alo.13Gao.87N 
revealed  stacking  faults  near  the  SiC/nitride  alloy  interface  and  numerous  threading 
dislocations.  EDX,  AES  and  RBS  were  used  to  determine  the  compositions,  which  were 
paired  with  their  res^ctive  CL  near  band-edge  emission  energies.  A  negative  bowing 
parameter  was  determined.  The  CL  emission  energies  were  similar  to  the  bandgap  energies 
obtained  by  SE.  FE-AES  of  the  initial  growth  of  Alo.2Gao.8N  revealed  an  aluminum  rich  layer 
near  the  interface.  N-type  (silicon)  and  p-type  (magnesium)  doping  was  achieved  for 
AlxGai-xN  for  0.12  ^  x  ^  0.52  and  x  ^  0.13,  respectively.  Superlattices  of  Alo.2Gao.8N/GaN 
were  fabricated  with  coherent  interfaces.  Additionally,  HEMT  structures  using  an 
AlN/GaN/AlN  buffer  structure  were  fabricated. 


Presented  as  an  Invited  Paper  at  the  1st  European  GaN  Workshop  in  Rigi,  Switzerland,  June  2-4, 1996. 
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A.  Introduction 

The  potential  and  employment  of  m-nitride  materials  for  both  optoelectronic  and 
microelectionic  plications  has  stimulated  significant  research  [1].  The  wurtzitic  phase  of  GaN 
forms  continuous  solid  solutions  with  InN  and  AIN  such  that  bandgap  engineering  is  possible 
from  1.95  eV  to  6.2  eV.  When  alloyed  solely  with  AIN,  materials  having  bandgaps  fiom 
3.4  eV  to  6.2  eV  are  possible.  This  makes  AlxGai.xN  attractive  for  both  ultraviolet  emitters  and 
detectors,  as  well  as  high-power  and  high-frequency  microelectronic  applications. 

Single  ciystal  GaN  substrates  are  currently  available  in  very  limited  quantities  only  via 
high-pressure,  high-temperature  processes  [2].  As  such,  heteroepitaxy  is  the  dominant  growth 
process,  and  c-plane  sapphire  is  the  most  commonly  employed  substrate.  In  order  to 
accommodate  the  large  lattice  mismatch  between  GaN  and  sapphire,  nitridation  of  the  latter 
followed  by  the  deposition  of  a  low  temperature  amorphous  GaN  or  AIN  buffer  layer  is 
conducted  prior  to  GaN  film  growth  [3, 4].  This  buffo*  layer  is  subsequently  annealed  to  form 
a  textured  polycrystalline  template  upon  which  the  GaN  is  deposited.  Grain  orientation 
coiiq)etition  in  the  GaN  film  occurs  during  the  first  0  J  microns  of  growth  which  results  in  the 
formation  of  low  angle  grain  boundaries  which  persist  throughout  the  entire  epitaxial  layer 
[S,  6].  Substantial  concentrations  of  threading  dislocations  exist  near  the  film/buffer  layer 
intoface,  some  of  which  are  annihilated  by  intersection  within  the  film.  As  such,  tiie  growth  of 
3  to  4  microns  of  material  is  usually  necessary  to  achieve  “device  quality”  epita)^. 

In  contrast,  it  has  been  shown  that  monocrystalline  AIN  can  be  deposited  epitaxially  on 
6H-SiC(0001)  at  traqteratures  >1050®C  [7, 8].  Use  of  a  lOOOA  AIN  buffer  layer  deposited  at 
1  lOO^’C  has  been  demonstrated  to  be  an  effective  buffer  layer  [7, 8].  Subsequent  GaN  epitaxy 
also  contains  random  tiueading  dislocations  but  is  free  of  low  angle  grain  boundaries.  Since 
conductive  AIN  has  yet  to  be  demonstrated,  this  buffCT  layer  prohibits  tire  effective  use  of  the 
conductive  SiC  for  the  formation  of  backside  contacts.  Hence,  the  use  of  a  conductive 
AlxGai.xN  as  a  buffer  layer  appears  to  hold  more  promise.  In  tins  research,  the  deposition, 
doping  and  characterization  of  AlxGai.xN  thin  films  growth  directly  on  6H-SiC(0001)  wafers 
has  been  extensively  studied  and  will  be  reported  in  the  following  sections. 

B.  E7q)CTimental  Procedures 

Thin  films  of  AlxGai.xN  were  deposited  at  1050-1 150°C  and  45  Torr  in  a  cold-wall, 
vertical,  pancake-style,  RF  inductively  heated,  OMVPE  system  using  various  ratios  of 
triethylaluminum  (TEA)  and  triethylgalliiun  (TEG)  in  combination  with  13  SLM  of  ammonia 
(NH3)  and  3  SLM  of  H2  diluent.  The  total  metalorganic  precursor  flow  rate  was 
32.8  pmol/min.  Donor  and  acceptor  type  doping  was  accomplished  by  the  addition  of  SiH4 
and  Cp2Mg,  respectively.  Additional  experimental  parameters  are  described  elsewhere  [7, 8]. 
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The  structural,  microstructural,  optical  and  electrical  characteristics  of  the  epitaxial 
AlxGai-xN  thin  films  were  analyzed  using  several  techniques.  Scanning  election  microscopy 
(SEM)  was  performed  using  a  JEOL  6400FE  operating  at  5  kV  and  equipped  with  an  Oxford 
Light  Element  Energy  Dispersive  X-ray  (EDX)  Microanalyzer.  Conventional  and  high 
resolution  transmission  electron  microscopies  (TEM)  were  conducted  using  a  Topcon 
EM-002B  microscope  operating  at  200  kV.  Double-crystal  x-ray  rocking  curve  (DCXRC) 
measurements  were  made  on  a  Philips  MRS  thin  films  diffractometer.  Atomic  Force 
Microscopy  (AFM)  was  performed  on  a  Digital  Instruments  Dimension  3000.  The 
catholuminescence  (CL)  properties  of  the  AlxGai.xN  films  were  determined  at  4.2  K  using  a 
Kimball  Physics  EMG-14  electron  gun  as  the  excitation  source.  Spectroscopic  ellipsometry 
(SE)  was  performed  using  a  rotating  analyzer  ellipsometer  with  a  xenon  arc  lamp  (l.SeV- 
5.75  eV).  Capacitance-Voltage  (CV)  measurements  were  conducted  using  a  MDC  Model 
CSM/2-VF6  equipped  with  a  mercury  probe.  Standard  and  field  emission  Auger  election 
spectroscopies  (AES  and  FE-AES)  were  conducted  using  Perkin-Elmer  Models  660  and  670, 
respectively,  equipped  with  Zalar  rotation.  Rutherford  backscattering  analysis  (RBS)  was 
performed  using  1.9  MeV  He"*"  ions  with  the  detector  at  an  angle  of  165®. 

C.  Results  and  Discussion 

Thin  films  of  AlxGai.xN  (0.05  <  x  <  0.96)  were  deposited  directly  on  both  vicinal  and 
on-axis  6H-SiC(0001)  substrates.  As  shown  in  Figs.  1  and  2,  films  having  x  <0.5  and 
deposited  at  1100®C  had  smooth,  featureless  surfaces.  SEM  also  revealed  that,  like  GaN, 
smoother  films  were  deposited  on  the  on-axis  substrates  than  on  the  vicinal  ones.  The  surfaces 
of  films  with  x  >0.5  were  also  very  smooth  but  with  occasional  pits  which  increased  in  density 
with  increasing  A1  con^sition.  The  occurrence  of  pits  likely  indicates  the  lack  of  surface 
mobility  of  the  metal  adatoms  such  that  complete  crystaUographic  coalescence  of  the  two 
dimensional  flat-top  islands  is  inhibited  [7, 8].  In  order  to  eliminate  this  problem,  deposition  of 
the  AlxGai-xN  for  x  >0.5  was  conducted  at  1 150®C.  The  resulting  films  possessed  smooth 
surfaces  which  were  free  of  pits;  however,  the  growth  rate  decreased  by  more  than  a  factor  of 
three.  Therefore,  deposition  in  the  range  of  1 120-1 130®C  is  likely  optimum  for  our  system  for 
these  higher  AIN  concentrations. 

The  compositions  of  the  films  grown  under  different  conditions  were  detmmined  using 
EDXy  AES  and  RBS.  Standards  of  AIN  and  GaN  grown  in  the  same  reactor  under  similar 
conditions  were  used  for  the  EDX  and  AES  analyses,  (compositions  woe  assigned  to  each  film 
after  careful  consideration  of  the  errors  (±2  aL%)  involved  with  each  technique.  The  data  fiom 
EDX  and  AES  measurements  showed  excellent  agreement  The  RBS  data  did  not  agree  as  well 
with  the  other  two  techniques,  due  to  small  compositional  variations  through  the  thickness  of 
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Figure  L  SEM  micrograph  of  a  0.5  pm  Alo.41Gao.59N  film  deposited  direcdy  on  a  vicinal 
6H-SiC  (0001)  substrate. 


Figure  2.  SEM  micrograph  of  a  0.8  pm  Alo.13Gao.87N  film  deposited  directly  on  an 
on-axis  6H-SiC  (0001)  substrate. 

the  film.  Simulation  of  the  compositions  determined  by  RBS  was  conducted  only  for  the 
surface  compositions.  Analysis  via  EDX  revealed  that  the  AlxGai-xN  grown  on  the  on-axis 
SiC  substrates  tended  to  be  1-2  atomic  percent  more  A1  rich  than  those  grown  off-axis  SiC.  It 
is  thought  that  the  presence  of  steps  on  the  growth  surface  promotes  the  adhesion  of  the 
gallium  adatoms. 
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In  Hg.  3,  these  compositions  are  compared  with  their  respective  CL  near  band-edge 
emission  energies.  Additionally,  in  Fig.  4,  the  CL  emission  peaks  are  con^ared  with  bandgap 
values  obtained  by  SE.  Using  a  parabolic  model,  the  following  relationships  describe  the  CL 
peak  emission  (l2-line  emission)  (Eq.  1)  as  a  function  aluminum  mole  fraction  for 
0  <  X  <  0.96. 

Eb(x)  =  3.50  +  0.64x  +  1.78x2  (1) 


Figure  3.  The  relationship  between  aluminum  nx>le  faction  and  4.2K  CL  near  band-edge 

emission  from  AlGaN  thin  films  deposited  directly  on  vicinal  and  on-axis 
6H-SiC  (0001)  substrates. 


Figure  4. 


Conq)arison  of  4.2K  CL  near  band-edge  emission  and  bandgap  as  determined 
by  spectroscopic  eUipsomedy  at  room  tempMature. 
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Clearly,  the  model  of  the  measurements  shows  a  negative  deviation  fitom  a  linear  fit  This  is 
in  agreement  with  earlier  research  by  other  investigators  [9-11].  However,  these  films  are 
highly  strained  due  to  inconq)letB  relaxation  of  the  tensial  stresses  generated  by  the  differences 
in  the  coefficients  of  thermal  expansion.  The  effect  of  strain  has  yet  to  be  quantified.  It  should 
be  noted  that  other  researchers  have  seen  a  linear  relationship  between  composition  and 
absorption  edge  for  thick  or  relaxed  films  on  sapphire  [12, 13].  Comparison  of  the  CL  spectra 
of  Alo.12Gao.88N  grown  on  a  pre-deposited  lOOOA  AIN  buffer  layer  which  is  used  for  GaN 
deposition  versus  growth  directly  on  6H-SiC  reveals  a  75  meV  red  shift  for  the  latter  films 
(Fig.  S).  This  indicates  that  the  films  deposited  directly  on  SiC  are  in  greater  tension  than  the 
ones  deposited  using  an  AIN  buffer  layer.  Furthermore,  there  is  a  noticeable  decrease  in  the 
defect  peak  centraed  around  3.2  eV.  The  reason  for  the  reduction  in  this  peak  is  unclear  at  this 
time  and  is  under  investigation. 


Figure  5.  Comparison  of  4.2K  CL  spectra  of  Alo,i2Gao.88N  deposited  directly  on 
6H-SiC  and  using  a  1(XX)A  AIN  buffer  layer. 

The  low  temperature  (4.2K)  CL  of  undoped  AlxGai-xN  films  containing  up  to 
0.96  mole  fraction  of  aluminum  exhibited  near  band-edge  emission  which  has  been  attributed 
to  an  exciton  bound  to  a  neutral  donor  (l2-line  emissitn)  [14].  For  increasing  concentrations  of 
aluminum,  this  emission  became  gradually  weaker.  No  emission  was  observed  for  pure  AIN 
other  than  a  broad  peak  centered  around  3.1  eV  which  previous  researchers  attribute  to  oxygen 
[15-17].  The  most  narrow  near  band-edge  CL  FWHM  was  31  meV  for  Al0.05Ga0.95N.  This 
value  increased  with  aluminum  concentration  to  a  maximum  of  approximately  1(X)  meV  for 
Alo  jGao.5N.  For  higher  aluminum  conq)ositions,  this  value  did  not  increase.  The  broadening 
of  the  exciton  features  is  likely  due  to  both  exciton  scanning  in  the  alloy,  as  well  as  small 
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variadans  in  alloy  compositions  in  the  film.  Additionally,  two  strong  defect  peaks  were  present 
at  energies  less  than  the  band  gap.  Both  of  these  features  have  been  previously  attributed  to 
donor-acceptor  transitions.  The  first  peak  is  centered  around  2.2  eV  for  GaN  and  is  commonly 
associated  with  deep  levels  in  the  bandgap  [18].  As  shown  in  Fig.  6,  these  emissions  changed 
sublinearly  with  changing  composition.  The  nature  of  this  behavior  is  under  investigation.  The 
second  defect  peak  is  centered  around  3.27  eV  which  is  attributed  to  a  transition  between  a 
shallow  donor  and  a  shallow  acceptor  [19],  and  its  position  also  changes  sublinearly  with 
increasing  aluminum  concentration,  as  shown  in  Fig.  7.  This  sublinear  shift  is  attributed  to  the 
donor  state  moving  deeper  into  the  gap.  For  Alo.05Gao.95N,  the  donor  to  acceptor  pair  (DAP) 
and  its  two  LO-phonon  replicas  typically  seen  in  GaN  are  still  resolved,  but  for  higher 
aluminum  compositions,  these  peaks  become  one  broad  peak.  Furthermore,  for  films  deposited 
at  1 150®C,  this  peak  is  no  longer  seen  in  the  CL  spectra.  Increasing  the  growth  temperature  to 
eliminate  diis  defect  peak  would  indicate  that  it  is  int^urity  related.  Attenpts  to  determine  this 
iiiq)uriQr  are  in  progress. 


Figure  6.  The  sublinear  shift  in  the  deep  level  emission  (“yellow  luminescence”)  as  a 
function  of  the  increase  in  4.2K  CL  near  band-edge  emission. 

Initial  studies  of  the  initial  growth  of  AlxGai.xN  directly  on  SiC  give  some  insight  into  tiie 
strain  relief  mechanisms  near  the  Al^Gai-xN/SiC  interface.  Despite  the  somewhat  close  lattice 
match  between  GaN  and  6H-SiC(0001)  (3.5%),  previous  research  in  our  laboratories  has 
shown  diat  GaN  epitaxy  undergoes  three  dimensional  island  growth,  since  tiie  critical  thickness 
of  GaN  on  6H-SiC  is  <10A.  By  contrast,  AIN  films,  with  a  critical  thickness  of  45A  and  a 
lattice  mismatch  of  0.9%,  grow  via  coalescence  of  two  dimensional  flat-top  islands  which 
gradually  roughens  with  increasing  thickness  [20].  At  a  thickness  of  lOOOA,  AFM  measure¬ 
ments  reveal  a  RMS  roughness  of  32A  (Fig.  8)  when  deposited  on  vicinal  SiC  substrates. 
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AlxGai.xN  composition  (x) 

Figure  7.  The  difference  in  4.2K  CL  near  band-edge  emission  and  the  shallow  donOT  to 
shallow  acceptor  (DAP)  peak  position  as  a  function  of  aluminum  mole  fraction. 


Figure  8.  An  AFM  image  of  a  lOOOA  AIN  buffer  layer  deposited  on  vicinal  6H-SiC. 

In  contrast,  AlxGai-xN  films  deposited  at  1050®C  undergo  a  considerably  more  complex 
growth  mechanism.  Figure  9  shows  the  results  of  five  minutes  of  deposition  with  a  gas  phase 
mixture  which  results  in  a  Alo.2Gao.8N  thin  film.  It  clearly  shows  two  distinct  regions  of 
growth  which  are  referred  to  as  the  “islands”  and  the  “valleys.”  The  compositions  of  the 
islands  and  the  valleys  were  determined  using  FE-AES  (Fig.  10).  Two  important  findings  are 
evident  from  this  graph.  First,  this  data  clearly  shows  that  the  interface  region  is  aluminum  rich 
and  that  the  bulk  film  composition  is  achieved  at  approximately  lOOA  of  film  thickness. 
Secondly,  the  interface  of  the  valley  regions  is  significantly  more  aluminum  rich  than  the 
islands.  The  valley  regions  appear  to  contain  approximately  0.65  mole  fraction  of  aluminum  at 
the  interface  while  the  islands  contains  only  0.40  mole  fraction  of  aluminum  at  the  interface. 
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SEM  of  5  minutes  of  growth  of  Aloj2Gao.8N  at  1050®C  directly  on  6H-SiC. 


Figure  9. 


Figure  10.  FE-AES  of  the  various  areas  of  the  sample  shown  in  Fig.  9. 

Assuming  Vegard’s  Law,  this  would  imply  an  interfacial  mismatch  of  only  1.9%  for  the 
valleys  versus  2.5%  for  the  islands.  It  should  be  noted  that  the  mismatch  of  the  islands  is  the 
same  as  that  between  AIN  and  GaN  and,  moreover,  their  morphology  is  similar  to  that 
observed  for  the  first  few  hundred  angstroms  of  GaN  deposited  on  a  high  temperature  AIN 
buffer  layer  [8].  The  process  of  coalescence  results  in  smooth  AlxGai.xN  films  similar  to  that 
shown  in  Figs.  1  and  2  after  a  few  thousands  angstroms  of  growth.  It  should  be  noted  that 
profiling  took  place  in  lOOA  increments.  Therefore,  the  possibility  exists  that  an  extremely  thin 
AIN  or  aluminum  rich  Al^Gai-xN  layer  occurs  within  the  first  few  angstroms  of  the  interface; 
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thereby  providing  a  graded  buffer  layer  structure  of  less  than  lOOA  in  thickness.  More  notable, 
however,  is  the  fact  that  low  temperature  CL  revealed  near  band-edge  emission  at  3.53  eV. 
This  indicates  that  a  tremendous  amount  of  tensial  strain  is  present  in  this  film  since  thicker 
film!!!  of  the  same  composition  have  emission  located  at  3.83  eV.  In  summary,  initial  studies 
indicate  that  lattice  strain  is  partial  relieved  at  the  interface  during  growth  by  the  formation  of  an 
aluminum  rich  buffer  layers  which  result  in  an  island  morphology.  Subsequently,  these  islands 
coalescence  into  a  smoodi,  coherent  fihn  containing  tensial  strain  generated  during  cooling  due 
to  the  differences  in  the  thermal  expansion  coefficients,  as  well  as  numerous  threading 
dislocations. 

The  TEM  micrograph  in  Fig.  1 1  of  a  1.8  micron  thick  Alo.13Gao.87N  film  deposited  on  an 
on-axis  substrate  revealed  a  microstmcture  dominated  by  threading  dislocations,  but  free  of 
low  angle  grain  boundaries.  Inspection  of  this  and  other  micrographs  reveals  a  progressive 
reduction  in  dislocation  density  as  one  moves  away  from  the  AlxGai-xN/SiC  interface.  This  is 
additionally  supported  by  a  narrowing  of  the  full  width  at  half  maximum  (FWHM)  of  the 
DCXRC  of  the  Alo.13Gao.87N  (0002)  peak  from  315  arcsec  to  186  arcsec  as  the  thickness  of 
film  increased  from  0.9  microns  to  1.8  microns.  For  films  of  similar  thicknesses  and 
compositions,  films  grown  on  vicinal  SiC  substrates  exhibited  higher  FWHMs  of  the  DCXRC 


Figure  11.  Ooss-sectional  TEM  micrograph  of  1.8|im  AlGaN  (0001)  film  deposited  at 
1 100®C  and  45  Torr  directly  on  6H-SiC  (0001)  substrate.  The  inset  shows  the 
selected  area  diffraction. 
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of  the  AlGaN(0002).  Furthermore,  the  growth  rate  on  vicinal  substrates  was  slightly  higher 
due  to  increased  density  of  steps  on  the  surface;  however,  these  steps  probably  act  as  formation 
sites  for  inversion  domain  boundaries  [20].  Additionally,  TEM  revealed,  as  shown  in  Fig.  12, 
the  presence  of  planar  defects  located  parallel  to  the  interface  in  the  first  few  hundred  angstroms 
of  the  AlxGai-xN  films. 


.isGao.srN 


Figure  12.  Cross-sectional  TEM  micrograph  of  interface  region  of  1.8pm  AlGaN  (0001) 
film  deposited  at  1 100®C  and  45  Torr  directly  on  6H-SiC  (0()01)  substrate. 

Several  structures  have  been  grown  using  GaN  and  AlxGai-xN.  A  TEM  micrograph  of  an 
Alo.2Gao.8N/GaN  superlattice  with  periods  of  various  thicknesses  is  shown  in  Fig.  13.  A 
schematic  of  the  structure  is  shown  in  Fig.  13a.  The  superlattice  structure  was  deposited  on 
0.6  microns  GaN  which  was  deposited  on  a  lOOOA,  1100®C  AIN  buffer  layer.  Each 
superlattice  period  was  repeated  5  times  and  the  structure  was  capped  with  0.2  microns  of 
GaN.  Figures  13b  and  13c  shows  coherent  interfaces  and  the  high  quality  of  the  superlattice 
structure.  Observation  of  the  structure  in  plan-view  TEM  did  not  indicate  a  reduction  in 
dislocation  density  below  that  normally  observed  in  single  layer  GaN  films  on  a  buffer  layer. 
In  Fig.  14,  a  TEM  cross-section  of  a  high  electron  mobility  transistor  (HEMT)  device  is 
shown.  Growth  was  initiated  similarly  to  the  previous  structure,  but  a  second,  500A  AIN  layer 
was  used  both  to  allow  pinch-off  of  the  device,  as  well  as  to  improve  the  quality  of  the  GaN 
active  layer.  Results  of  device  operation  will  be  reported  at  a  later  date. 
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a)  A  schematic  of  a  superlamce  structure  grown  on  6H-S1Q  b)  a  cross-section 
lEM  micrograph  showing  the  superlattice  region  of  the  structure;  and  c)  a  high 
resolution,  cross-sectional  TEM  micrograph  showing  the  ISA  GaN/30A  AIG^ 
periods. 
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Figure  14.  A  cross-sectional  TEM  micrograph  of  a  HEMT  device. 

Undoped,  high-quality  Al0.05Ga0.95N  films  grown  directly  on  vicinal  6H-SiC(0001) 
exhibited  residual,  ionized  donor  concentrations  of  IxlO^^  cm'3.  The  ionized  donor  concen¬ 
tration  decreased  rapidly  with  increasing  A1  content  and  was  <lxl0l7cm'3  for  Alo.i2Gao.88N 
and  <1x1016  cm*3  for  Alo.35Gao.65N,  as  determined  by  CV  measurements.  The  origin  of  tfiese 
donors  is  under  investigation,  since  concentrations  of  <1x1016  cm*3  have  been  measured  for 
GaN  films  grown  on  AIN  buffer  layers  in  the  same  reactor.  Moreover,  layers  of  undoped  AIN 
having  Nd-Na  of  8x1016  cm‘6  has  also  been  deposited.  However,  the  controlled  introduction 
of  SiH4  allowed  the  reproducible  achievement  of  ionized  donor  concentrations  within  the  range 
of  2xl0l'l  cm-3  to  2xl0l9  cm-3  in  Al^Gai-xN  films  for  0.12  ^  x  ^  0.52.  For  x>0.52, 
additions  of  silicon  resulted  in  films  too  resistive  for  CV  measurements.  The  growth  of  p-type 
AlxGai-xN  films  for  x  <  0.13  via  the  introduction  of  Mg  has  been  successful. 

D.  Conclusions 

Thin  films  of  AlxGai-xN  (0.05  <  X  <  0.96)  having  smooth  surfaces  were  deposited  directly 
on  vicinal  and  on-axis  6H-SiC((X)01)  substrates.  Cross-sectional  TEM  of  Alo.13Gao.87N 
revealed  a  microstructure  similar  to  that  of  GaN  grown  on  a  high-temperature  AIN  buffer  layer. 
EDX,  AES  and  RBS  were  used  to  determine  the  compositions  which  were  paired  with  their 
respective  CL  near  bandedge  emission  energies.  A  negative  bowing  parameter  was  determined. 
The  CL  emission  energies  were  similar  to  the  bandgap  values  obtained  by  SE.  FE-AES  of  the 
initial  growth  of  Alo.2Gao.8N  revealed  an  aluminum  rich  layer  near  the  interface. 
Aloj2Gao.8NAjaN  superlattices  with  coherent  interfaces  were  fabricated.  Additionally,  HEMT 


structures  using  AlNASaN/AlN  buffer  structures  were  demonstrated-  N-type  (silicon)  and 
p-^pe  (magnesium)  doping  was  achieved  for  AlxGai-xN  for 0.12  0.52  and  x  ^  0.13, 

respectively. 
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IX.  Structural  Characterization  of  Group  Ill-Nitride  Films 
and  Their  Interfaces  by  XRD  and  TEM 

A.  Introduction 

To  obtain  the  best  perfonnance  from  electronic  and  optoelectronic  devices  based  on 
heterojunctions  and  superlattices,  it  is  necessary  to  grow  defect-free  layers  with 
moiphologically  and  compositionally  sharp  interfaces  [1].  TEM  studies  [2-6]  have  shown  that 
the  defects  in  epitaxial  heterostructures  such  as  GaN/AlN/6H-SiC  or  GaN  on  sapphire 
(a-Al203)  could  have  different  (»igins:  (1)  line  or  planar  defects  from  the  substrate  extended 
during  the  growth  into  the  epilayer,  (2)  defects  introduced  in  the  epilayer  due  to  a  loss  of 
symmetry  relative  to  the  substrate,  such  as  inversion  domain  boundaries,  induced  by  the  steps 
at  the  surface,  (3)  stress  induced  by  the  lattice  and  thermal  mismatch  across  the  interface,  (4) 
growth  errors  leading  to  microtwins,  stacking  faults,  impurities  or  polycrystalline  or 
amorphous  growth,  and  (5)  clustering  of  excess  point  defects,  such  as  vacancies,  interstitials, 
or  impurities.  The  last  two  origins  of  defect  formation  have  been  eliminated  to  a  greato*  extent 
during  OMVPE  growth  of  GaN  films  on  6H-SiC  [7-9].  The  present  study  shows  the  defects 
due  to  a  loss  of  synometry  induced  by  the  surface  morphology  such  as  surface  steps,  can  be 
eliminated  as  well.  The  use  of  AIN  buffer  layer  with  thickness  ~1(X)  nm  helps  to  reduce  the 
lattice  mismatch  from  3.5%  if  the  GaN  film  is  deposited  directly  on  the  6H-SiC  substrate  to 
2.4%  between  GaN  and  AIN  when  the  AIN  buffer  layer  is  deposited  first  on  the  SiC  substrate 
where  the  lattice  mismatch  between  AIN  and  SiC  is  less  than  1%.  Thus,  the  lattice  misfit  strain 
is  significantly  reduced  and  up  tt)  a  critical  thickness  the  AIN  and  GaN  films  are  expected  to  be 
coh^ntly  and  compressively  strained  due  to  their  lower  in-plane  lattice  parameters  with 
respect  to  these  of  the  underlying  films  [10-12].  The  thermal  e^ansion  coefficient  mismatch  is 
expected  to  strain  compressively  in-plane  the  GaN  films,  as  well.  This  strain  can  either  be 
stored  as  a  strain  energy  in  the  film  or  can  be  accommodated  by  a  network  of  misfit 
dislocations  or  other  strain  relieving  defects  at  the  interface.  Another  aspect  of  the  strain 
accommodation  is  the  change  in  the  surface  morphology  which  has  already  been  shown  for 
other  systems,  for  example  Si/Ge  or  GaAs/Si  [13-15].  Thus,  only  the  line  defects  such  as 
threading  and  misfit  dislocations  are  present  in  the  OMVPE  GaN/AlN/6H-SiC  heterostructures 
and  after  the  optimized  growth  conditions,  GaN  films  reduced  up  to  10^ -10^  /cm^  are  achieved. 

B.  Experimental  Procedure 

The  structural  properties  of  the  GaN/AlN/6H-SiC  heterostructures  and  Al^Gai-xN/GaN 
superlattices  have  been  studied  by  transmission  electron  microscopy  and  x-ray  diffractiorL  The 
samples  were  observed  with  a  TOPCON  EM-002B  high-resolution  transmission  electron 
microscope,  operated  at  200  kV  and  point-to-point  resolution  0.18  nm.  Samples  for  TEM  have 
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been  prepared  by  conventi(xial  methods  using  mechanical  grinding  and  polishing  and  Ar'*'  ion¬ 
milling  at  a  low  angle  in  the  final  stages.  Cross-sectional  samples  were  prepared  in  <110>  zone 
axis  of  the  6H-SiC  substrate.  High  resolution  x-ray  rocking  curves,  co-scans,  have  been 
perfonned  using  a  triple  crystal  dififiactometer-Philips  Materials  Research  DiffiactometBr,  using 
the  Bardes  monochromaton  four-bounce  Ge  (220)  incident  beam  optics  (two-channel  cut  Ge 
crystals)  and  two-bounce  Ge  (220)  diffracted  beam  optics  (one-channel  cut  Ge  crystal).  The 
resolution  limit  with  this  optics  is  12  arcsec.  The  rocking  curve  experiments  have  been 
performed  with  the  receiving  slit  optics  which  is  with  Iowa*  resolution  in  comparison  with  the 
channel  cut  analyze  optics,  but  the  AIN  (002)  signal  is  stronger. 

C.  Results 

GaNIAlN6H-SiC  Grown  at  llOOX^  (Off-axis  6H-SiC).  The  low  magnification  image  of  a 
thick  GaN  layer  grown  on  (0001)  surface  of  AlN/6H-SiC  viewed  in  the  [11^]  direction  is 
shown  in  Fig.  1.  The  AIN  and  GaN  layers  are  epitaxial  with  respect  to  the  substrate,  and  have 
the  wurtzite  crystal  structure  as  it  is  revealed  fix)m  the  superimposed  SAED  pattern  inset  High 
density  of  low  angle  grain  boundaries  causing  stacking  mismatch  defects  are  seen  in  the  AIN 
film  close  to  the  6H-SiC  surface,  as  shown  in  Fig.  2.  Careful  inspection  reveals  that  most  often 
these  defects  are  formed  above  surface  steps  as  a  consequence  of  the  enhanced  islands 
nucleation  on  a  stepped  surface.  During  the  followed  coalescence  of  such  islands,  stacking 
mismatch  occurs  as  a  result  of  inversion  of  the  lattice  sites  of  A1  and  N  atoms,  or  the  so-called 
inversion  domain  boundaries  (IDB)  are  formed.  The  defect  density  in  the  GaN  film  is 
significantly  reduced. 

The  GaN/AlN  interface  G^ttice  mismatch  ~2.4%)  is  of  better  epitaxial  quality  than 
AlN/6H-SiC  interface,  despite  the  smaller  lattice  mismatch  between  AIN  and  6H-SiC 
(mismatch  ~1%).  The  predominant  defects  are  threading  dislocatims  with  b=l/3<1120>  and  to 
a  much  lesser  extent  stacking  faults  along  {0002}  planes  and  closer  to  the  GaN/AlN  interface 
(up  to  ~0.3  pm  thickness  away  from  that  interface)  arising  to  compensate  the  AIN  surface 
irregularities.  Dislocation  half  loops  originated  from  the  interface  with  b=[0001]  and  laying  on 
the  { 1 100}  prism  planes  [16]  are  also  readily  observable  close  to  the  GaN/AlN  interface.  Very 
few  cases  of  inversion  domains  as  shown  in  Fig.  3  and  originated  from  the  GaN/AlN  interface 
were  also  observed  and  they  can  be  associated  with  nonstoichiometry  or  contaminations  of  the 
AIN  surface  [17].  Both  interfaces  reveal  significant  reduction  of  defect  density  with  increasing 
distance  away  from  the  interface  line.  Plan  view  TEM  image  of  the  GaN  film  surface  (Fig.  4) 
reveals  the  high  density  of  dislocations  ~10^®-10^^  /cm^  for  that  heterostructure. 

GaNIAINI6H-SiC  (AIN  @  1100°C,  GaN  @  1050^,  on  axis  6H-SiC.  with  6H-SiC 
epilayer).  Both  GaN  and  AIN  films  exhibit  epitaxial  relationships  with  the  6H-SiC  substrate. 
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Cross-sectional  micrograph  of  GaN/AlN/6H-SiC  heterostructure  grown  on  off 
axis  SiC  substrate  viewed  in  [1 1^1  direction. 


jffVwvC'.  ■ 


High-resolution  micrograph  from  the  AlN/6H-SiC  interface  of  the  same 
heterostructure  shown  in  Fig.  1.  Note  the  numerous  low-angle  grain  boundaries 
typically  originated  above  steps  on  the  SiC  surface. 


Typical  low  magnification  TEM  micrograph  with  the  SADP  inset  is  shown  in  Fig.  5. 
Compared  to  the  previous  growth  system  (3.1),  the  stacking  fault  density  at  the  AlN/6H-SiC 
interface  is  much  lower  and  the  density  of  the  threading  dislocations  in  the  AIN  and  GaN  films 
is  lower,  as  well.  The  predominant  defects  are  mostly  threading  dislocations  with 
b=l/3<1120>.  The  reduced  density  of  dislocation  half  loops  and  dislocation  reactions  [18], 
affect  the  defect  density  reduction  in  the  GaN  film  grown  at  50®C  lower  temperature  than  the 
growth  temperature  of  AIN  film.  Figure  6  shows  the  quality  of  both  AIN  and  GaN  films  is 


Figures.  TEM  micrograph  showing  cross-section  view  in  [1120]  direction  of  the 
G^/AlN/6H-SiC  heterostructure  grown  on  on-axis  6H-SiC  substrate  with  SiC 
epilayer.  Note  the  reduced  defect  density  at  the  two  interfaces  compared  to  that 
for  the  off-axis  grown  layCTS. 
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Figure  6.  High-iesolution  TEM  micrograph  from  the  GaN/AlN  interface  of  the  above 
structure  revealing  the  improved  quali^  of  that  interface  when  the  films  are 
grown  on  on-axis  6H-SiC  substrate. 

higher  (~109-10lO  IcnP-  dislocation  density)  suggesting  that  the  significant  reduction  of  the 
surface  steps  con:q)ared  to  the  vicinal  surface,  as  well  as  the  thermal  mismatch  difference  most 
probably  play  a  role  for  the  defect  density  reduction. 

GaNIAlNI6H-SiC  (AIN  @  llOO^C,  GaN  @  1050X,  On-axis  6H-SiC,  without 
6H-SiC  Epilayer).  The  role  of  the  quality  of  the  6H-SiC  epilayer,  usiuilly  deposited  in  advance 
on  the  6H-SiC  surface,  on  the  GaN  film  perfection  was  investigated.  AIN  buffer  layers  and 
GaN  films  have  been  grown  at  exactly  the  same  conditions  as  in  the  previous  section  with  the 
only  difference  being  that  AIN  film  was  deposited  on  the  surface  of  a  SiC  substrate  without  the 
prior  deposition  of  an  epi  SiC  layer.  These  are  the  best  quality  AIN  and  GaN  films  grown  to 
date  by  OMVPE  as  revealed  from  the  cross-sectional  TEM  shown  in  Figs.  7  and  8, 
respectively.  There  are  no  planar  defects  like  stacking  faults  or  domain  boundaries  in  tire  GaN 
film.  The  threading  dislocation  density  is  reduced  and  few  threading  segments  are  seen  fixrm 
the  cross-sectional  view  in  the  <1 1M>  direction  as  seen  in  Fig  7.  The  defect  density  in  the  top 
surface  of  the  GaN  film  is  reduced  to  10*-10®  /cn^.  Close  to  the  surface  of  GaN  film,  there  are 
large  areas  a  few  microns,  without  a  single  dislocation,  as  it  is  seen  from  the  plan  view  shown 
in  Fig.  9. 

Superlattice  Al^Gai-^N/GaN  (x=0.2)  Interfaces.  Al^Gai-^N/GaN  (x=0.2)  superlattice  with 
periods  of  different  thickness  have  been  grown  on  1.2  pm  thick  GaN  film  grown  on  6H-SiC 


Low-magnification  micrograph  finom  GaN/AlN/6H-SiC  heterostructuie  grown 
on  (Mi-axis  SiC  wafer  without  epi-SiC  layer  deposited  in  advance. 


Low  magnification  TEM  micrograph  showing  the  significantly  reduced 
dislocation  density  close  to  the  top  surface  of  the  GaN  film. 


Figure  9.  Plan-view  TEM  micrograph  from  the  top  surface  of  the  GaN  film  shown  in 
Fig.  7  and  8.  Several  microns  size  area  is  without  a  single  dislocation. 

with  0.1  pm  thick  AIN  buffer  layer.  Low  magnification  and  high  resolution  images  of  the 
supolattice  are  shown  in  Fig.  10  and  1 1,  respectively.  Despite  the  threading  dislocaticms  in  the 
GaN  film  the  sup^lattice  is  of  very  high  quality  due  to  the  reduced  dislocation  density  at  the 
top  of  the  underlying  thick  GaN  film.  In  addition,  the  high  quality  of  the  superlatdce  is  due  to 
the  lower  mismatch  (0.5%)  between  AlxGai-xN  and  GaN. 

GaN/AIGaN(x=0.2)lGaN/AlN/GaNIAlNI6H-SiC  (HEMT).  Low  magnification  TEM 
microgrsq)h  in  cross-sectional  view  from  the  above  heterostructure  is  shown  in  Fig.  12.  The 
0.1  pm  thick  AIN  buffer  layer  and  the  thick  GaN  film  exhibit  the  usual  reduction  of  the  defect 


Figure  10.  Cross-sectional  TEM  micrograph  fiom  the  AlGaN/GaN  (x=0.2)  superlatdce 
structure  grown  on  a  thick  GaN  film  on  a  6H-SiC  substrate  with  an  AIN  buffer 
layer.  The  lower  part  of  the  picture  is  the  top  part  of  the  thick  GaN  underlying 
layCT. 
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Figure  11.  High  re^lution  image  fitom  the  superlatdce  structure  showing  the  IsA 
GaN/30A  AlGaN  periods. 

density  away  fix>m  the  AlN/6H-SiC  and  GaN/AlN  interfaces,  respectively.  The  numerous  half¬ 
loops  originated  from  the  intetface  and  the  dislocation  reacticMis  have  taken  place  for  the  defect 
density  reduction.  The  predominant  defects  away  firwn  the  GaN/AIN  interface  are  the  direading 
segments  of  dislocations.  The  SAD  pattern  in  Fig.  13  (a)  shows  the  common  epitaxial 
relationships  in  the  two  films  closest  to  the  SiC  substrate.  Figure  13  (b)  shows  the  SAD  fiom 
the  films  above  the  thick  GaN  film  (from  top  down):  GaN/AlGaN  (x=0.2)/GaN/AlN  that 
reveals  that  the  above  stmcture  is  coherently  strained  and,  hence,  the  defect  density  is  lessened 
in  extent  as  it  is  seen  from  the  TEM  micrognq)h  in  Fig.  12(b). 

GaNIAlN/GaNIAINIGaNlAlNI6H-SiC.  A  TEM  micrograph  showing  the  above  stracture 
can  be  seen  in  Fig.  14.  The  AIN  buffer  layw  exhibits  the  usual  contrast  due  to  the  stress  field 
across  the  AlN/6H-SiC  interface.  The  45(X)A  thick  GaN  film  deposited  on  the  top  of  the  AIN 
buffer  reveals  low  defect  density  mostly  threading  dislocaticHis  running  from  the  bottom  to  the 
interface  with  the  next  AIN  film.  In  order  to  reduce  the  strain  in  the  structure,  two  4()0A  thick 
AIN  films  have  been  drown  sandwiching  a  ISOOA  thick  GaN  film.  Thus  the  strain  fields  of 
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Figure  12.  TEM  micrograph  fiom  the  HEMT  heterostructure  showing  the  high  quality  of 
the  thick  film  close  to  the  substrate.  Note  the  reduction  of  the  dislocation 
density  away  fiom  the  GaN/AlN  interface,  (b).  TEM  micrograph  firom  the  top¬ 
most  layers  of  the  HEMT  structure  with  the  SAD  inset  revealing  smooth 
epitaxial  interfaces  and  low  dislocatitai  density. 


a  b 

Figure  13.  a)  SADP  fiom  die  GaN/AlN/6H-SiC  interfaces  of  the  HEMT  structure  revealing 
the  epitaxial  reladonship  of  the  films  and  substrate,  (b)  SADP  from  the  top  films 
of  structure  shown  in  Fig.  12  (b).  The  alignment  of  the  weaker  [-1 100] 

reflections  belonging  to  the  AlGaN  film  with  the  same  type  reflections  from  the 
GaN  films  -  the  stronger  spots  indicates  that  the  films  are  coherently  strained 
and,  hence,  reduced  defect  density  is  expected. 

opposite  signs  which  cancel  each  other  are  “locked”  at  the  GaN/AlN  and  AlN/GaN  interfaces 
effectively  reducing  the  overall  strain  in  the  structure.  The  top-most  l^m  thick  GaN  film 
reveals  notable  reduction  of  the  dislocaticxi  density. 

D.  Discussion 

The  analysis  of  the  interfaces  and  defects  in  the  as  described  group  IQ-nitride 
heterostructures  grown  by  MOCVD  reveals  that  the  best  epitaxial  and  single  crystalline  quality 
of  the  GaN  films  and  AIN  buffer  layers  can  be  achieved  if  the  layers  are  grown  on  on-axis 
tiH-SiC  substrates.  While  the  defect  density  in  the  GaN  films  grown  on  off-axis  SiC  substrate 
is  on  the  order  of  ~10lO-10ll  /cm^,  for  GaN  films  grown  on  on-axis  6H-SiC  material  the 
defect  density  is  on  the  order  of  ~  lO^-lO^  /  cm2  gg  shown  from  TEM  studies. 

The  quality  of  the  films  has  been  studied  by  X-ray  diffraction,  as  well.  The  FWHM  firom 
(U-20  scans  is  a  direct  measure  of  average  length  of  a  perfect  crystal  ot  particle  size  broadening 
(crystal  coherence  length).  Typical  values  for  the  FWHM  from  ©-20  scans  for  different 
reflections  from  GaN/AlN/6H-SiC  films  grown  by  MOVPE  are  given  in  Table  L  The  nartowo' 
FWHM  for  GaN  peaks  reveal  tfiat  the  crystalline  quality  of  GaN  film  is  higher  than  that  for  the 
AIN  buffer  layer. 

The  epitaxial  quality  of  the  films  have  been  studied  by  selected  area  difi&acti(m  in  TEM.  The 
typical  epitaxial  relationships  for  these  heterostructures  are:  (0(X)l)GaN  II  (OOOI)AIN  II  (0001) 
6H-SiC,  and  [1120]GaN  II  [11 20] AIN  II  [1120]  6H-SiC.  Despite  the  epitaxiality,  the 
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Figure  14.  TEM  micrograph  fiom  GaN/AlN/GaN/AlN/GaN/AlN/6H-SiC  heterostructure. 

The  AlN/GaN/AlN  “sandwich”  layers  in  the  middle  of  the  structure  prove  to  be 
effective  sink  for  the  stresses  in  the  films  and  thus  very  high  quality  of  the  top 
GaN  film  is  achieved. 


Table  I.  Typical  FWHM  (in  aicsec)  Taken  at  Different  Points  of  the  Saiiq)le  for  Different 

GaN/AlN/6H-SiC  Heterostructures 


I 


FWHM6H-SiC 

FWHM  AIN 

FWHM  GaN 

(006) 

(002) 

(002) 

GaN/AlN/SiC 

on-axis 

(with  SiC  epilayer) 

54-72 

304-342 

249-260 

GaN/AlN/SiC 

on-axis 

(without  SiC  epilayer) 

41-62 

210-254 

130-144 
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films  reveal  numerous  types  of  defects.  Typical  defects  in  m-N  films  grown  on  6H-SiC  are 
misfit  dislocations,  threading  dislocations,  stacking  faults,  and  inversion  domain  boundaries. 
The  types  of  dislocadcms  in  GaN  films  are  similar  to  that  in  hexagonal  metals:  (1)  the  edge  type 
threading  dislocatitxis  with  b=l/3<l  1 2  0>,  slip  system  1/3<1 1 2  0>  {0001 };  (2)  the  threading 
dislocations  with  b=[0001],  slip  system  <10i0>{10i0},  or  {1011);  b=l/3<1123>,  slip 

system  <1/3<1123>{1122).  Most  of  the  dislocations  originate  from  the  AlN/SiC  and 
GaN/6H-SiC  interface  [19]. 

AIN  Films.  Most  of  the  defects  in  the  lOOOA  thick  AIN  films  grown  on  off-axis  SiC 
substrate  are  the  domain  boundaries  which  can  be  seen  in  Fig.  15  and  16.  Such  domains  can  be 
either  inversion  domains  related  by  opoation  of  inversion  of  atoms  on  their  lattice  sites,  or 
double  positioning  domains,  involving  a  60®  rotation  along  the  c-axis  [20, 21].  Recent  studies 
show  [22]  that  the  steps  on  the  vicinal  surface  provide  sites  for  the  growth  of  inversion 
domains.  Such  domains  grow  side-by-side  and  coalesce  having  a  different  stacking  order,  thus 
giving  rise  to  the  inversion  domain  boundaries  observed  in  the  HRTEM  micrographs,  as 
shown  in  Fig.  17.  It  should  be  noted  that  to  the  contrary,  AIN  films  grown  on  on-axis  6H-SiC 
substrate  do  not  exhibit  the  domain  type  of  growth  and  the  associated  inversion  domain 
boundaries,  as  shown  in  Fig.  19.  Stacking  faults  parallel  to  the  interface  surface  and  the 
associated  partial  dislocations,  are  observed  within  ~200A  distance  fiom  the  AJN/SiC  interface. 


Figure  15.  Low-magnification  TEM  micrograph  from  GaN/AlN/6H-SiC  (off  axis) 
heterostructure.  The  AIN  film  exhibits  domain  type  of  growth  with  the 
characteristic  domain  boundaries.  GaN  film  reveals  the  high  dislocation  density 
(~10il  fiom  plan  view  TEM),  mostly  threading  dislocations  and  segments. 
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Figure  16.  TEM  micrograph  from  GaN/AlN/6H-SiC  (off  axis).  The  non-unifonn  contrast 
in  the  AIN  film  is  due  to  the  overlapping  stress  fields  at  the  AlN/6H-SiC  and 
GaN/AlN  intofaces  resulted  from  die  lattice  and  thomal  mismatph 


Figure  17.  HR  micrograph  from  AlN/6H-SiC-off  axis  interface  revealing  the  strain  due  to 
the  numerous  domain  boundaries  formed  when  neighbor  grains  coalesce  during 
the  growth  process. 


It  is  well  known  [22]  that  stacking  faults  are  equivalent  to  a  local  transitions  of  polytype  which 
causes  a  difference  in  symmetry,  and  hence  a  difference  in  the  physical  properties  of  the  film. 
Other  defects  in  the  AIN  films  grown  on  on-axis  SiC  substrate  are  the  threading  dislocations 
running  from  top  to  die  bottom  of  the  film,  as  can  be  seen  from  Fig.  19. 


HR  TEM  micrograph  firom  AlN/SiC  on-axis  substrate.  There  are  no  domains 
associated  with  ^  dranain  boundaries  at  that  interface. 


Figure  19.  TEM  micrograph  fiom  GaN/AlN/6H-SiC  on-axis  heterostructuie  showing  the 
excellent  quali^  of  GaN/AlN  and  AlN/6H-SiC  interfaces.  Note  the  reduction  of 
the  defect  density  in  comparison  with  the  structure  grown  on  off-axis  SiC 
substrate. 
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GaN  Films.  The  quality  of  the  GaN  films  is  influenced  by  the  quality  of  the  AIN  buffer 
layer  which  “inherits”  the  crystal  surface  properties  of  the  SiC  substrate.  GaN  films  grown  on 
the  cusp-like  surface  of  AIN  films  grown  on  vicinal  SiC  surface  reveal  a  high  density  of 
threading  dislocations  and  threading  segments  throughout  the  film  thickness,  as  well  as 
dislocation  loops  and  stacking  faults  close  to  the  interface,  as  shown  in  Fig.  16.  Our 
observations,  as  well  as  other  studies  [23]  reveal  that  most  of  the  dislocations  are  the  edge  type 
dislocatitms  with  Buigers  vector  b=l/3<l  1 2  0>  and  b=l/3<l  1 00>  which  are  at  the  same  time 
the  misfit  dislocations  at  the  GaN/AlN  interface.  Hus  means  that  most  of  the  misfit  strain  at  this 
interface  is  accommodated  by  the  misfit  dislocations. 

It  is  well  known  that  the  stress  generation  factors  in  epitaxial  systems  are  (i)  the  lattice 
mismatch,  (ii)  the  thermal  mismatch,  and  (iii)  the  difference  in  the  chemical  bonding  across  the 
interface.  TEM  studies  supported  by  x-ray  data  reveal  that  the  stress  in  group  ID-N  films  on 
6H-SiC  substrate  is  accommodated  via  (i)  generation  of  misfit  dislocations  and  stacking  faults 
to  compensate  the  atomic  mismatch  in  the  two  contacted  phases  (GaN/AlN  or  AlN/6H-SiC), 
usually  localized  at  or  near  the  interface,  respectively,  (ii)  propagation  of  threading  dislocations 
through  the  entire  bulk  of  the  films,  more  strongly  leading  to  degradation  of  semiconductor 
devices  and  dislocation  reactions,  and  (iii)  bending  of  the  heterostructure  in  response  to  the 
stresses  introduced  by  the  lattice  and  thermal  mismatch.  The  parameters  pertinent  tt>  epitaxy  and 
stress  relief  in  Group  m  nitrides  are  given  in  Table  n. 


Table  EL  Parameters  Relevant  to  Epitaxy  in  Grotq)  IQ  Nitrides 


Prc^rty 

6H-SiC 

AIN 

GaN 

Lattice 

a 

3.081 

3.1114 

3.186 

parameter 

(A) 

c 

15.092 

4.9792 

5.178 

TECxlO^ 

a 

4.2 

4.2 

5.59 

(K-1) 

c 

4.68 

5.3 

3.17 

Inteiplanar 

Basal 

2.516 

2.49 

2.59 

distances 

(1100) 

2.669 

2.695 

2.760 

(A) 

(1120) 

1.541 

1.556 

1.591 

Lattice 

mismatch 

w.r.  SiC 

0.01 

0.035 

w.r.  AIN 

0.025 
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In  order  to  assess  the  mismatch  at  the  GaN/AlN  and  AlN/6H-SiC  interfaces,  HRTEM 
studies  have  been  performed  for  the  GaN/AlN/6H-SiC-on  axis  heterostructuie  in  [1120] 
orientation,  as  is  seen  from  Figs.  18  and  20.  Both  interfaces  are  epitaxial,  flat  and  free  of  low- 
angle  grain  boundaries.  The  average  lattice  mismatch  calculated  from  the  HRTEM  image  at  the 
GaN/AlN  interface  was  found  to  be  1.6%  which  is  0.8%  lower  than  the  theoretical  value  of 
2.5%  for  that  interface.  This  means  there  is  a  residual  strain  in  the  GaN  film  and  that  the  GaN 
film  is  under  compression.  It  is  interesting  to  note  that  another  piece  of  evidence  for 
compression  strain  in  GaN  films  is  the  contrast  exhibited  by  the  GaN  films  at  distances  of 
50-80A  from  the  interface  with  the  AIN.  That  contrast  often  reveals  traces  of  rounded  peaks 
and  grooves  which  can  be  seen  in  Fig.  20.  This  type  of  morphology  is  typical  for  films  that  are 
under  compression  [24-26].  Such  surface  undulations  are  formed  during  heteroepitaxial 
growth  by  migration  of  surface  deposited  atoms  under  the  strain-induced  chemical  potential 
gradients  [27].  From  the  same  figure,  it  can  be  seen  that  at  the  grooves,  the  interplanar 
distances  are  smaller  than  at  areas  close  to  the  peaks.  This  shows  there  is  a  complimentary 
compression  of  the  lattice  plane  at  the  locations  of  the  surface  groves.  The  compressive  strain 
in  the  GaN  films  is  confirmed  by  PL  and  XRD  studies  perfOTined  on  the  sanvi  system  [28]. 


Figure  20.  HRTEM  micrograph  from  GaN/AlN  interface  of  GaN/AlN/6H-SiC  on-axis 
heteros^cture.  Note  the  extra-half  plains  in  GaN  film  which  are  the  misfit 
dislocations  generated  to  relieve  the  misfit  strain  at  that  mterface. 

It  is  expected  that  when  the  thickness  of  the  epilayer  is  very  small  the  film  is  coherently 
strained  to  match  the  substrate  interplanar  distances.  However,  when  the  film  thickness 
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increases  the  homogeneous  misfit  strain  energy  increases  and  at  a  critical  thickness  the 
nucleation  of  dislocations  becones  favorable.  For  interfaces  with  large  lattice  mismatch  (>2%) 
such  as  GaN/AlN  with  lattice  mismatch  of  2.5%,  the  term  “critical  thickness”  can  be  defined  as 
that  thickness  of  the  film  beyond  which  misfit  dislocations  with  b=l/3  <1 1(X)>  are  generated 
at  the  interface.  The  critical  thickness  of  the  wurtzite  GaN  film  on  the  wurtzite  A1N(0001)  film 
is  assessed  by  using  the  force  balance  method  of  Matthews  and  Blakeslee  [29].  This  method 
uses  the  consideration  that  there  is  a  balance  between  (i)  the  force  that  drives  the  extension  of 
the  misfit  dislocation  along  the  interfacial  plane  which  is  due  to  the  misfit  stress  in  the  structure 
and  (ii)  the  force  due  to  the  line  tension  of  the  misfit  dislocation.  Employing  this  method  the 
critical  thickness  for  misfit  dislocation  generation  in  GaN  film  grown  on  AIN  film  (die  latter 
considered  with  its  bulk  value  lattice  parameter)  is  assessed  to  be  12A.  This  is  considered 
reasonable  if  comparing  the  critical  thickness  of  46A  for  misfit  dislocation  generation  in  AIN 
film  grown  on  a  6H-SiC  substrate,  where  the  mismatch  is  much  smaller  and,  hence,  the  misfit 
dislocation  nucleation  is  expected  at  a  higher  diickness  [30]. 

E.  Conclusions 

The  TEM  and  XRD  studies  of  GaN  and  AIN  films  and  interfaces  and  their  alloys  grown  on 
6H-SiC  substrates  reveal  the  following: 

(i)  The  GaN  films  deposited  on  6H-SiC  substrates  with  an  AIN  buffer  layer  are  epitaxial 
and  single  crystalline  with  a  wurtzite  type  stmcture  and  have  the  following  epitaxial 
relationships: 

(0001)GaN  II  (OOOI)AIN  II  (0001)  6H-SiC, 

[112  0]GaN  II  [1 1 2  0]A1N  II  [1 1 2  0]  6H-SiC 

(ii)  The  dislocation  density  of  GaN  films  grown  on  on-axis  6H-SiC  substrate  is 
10^-10^  /cm^  which  is  two  orders  of  magnitude  lower  than  the  dislocation  density  of 
10*°-10^^  /cm^  for  films  grown  on  off-axis  6H-SiC  substrate. 

(iii)  The  predominant  type  of  defects  in  die  GaN  films  grown  on  off-axis  substrates  are  the 
treading  dislocations  with  b=l/3[1120].  The  predominant  defects  in  GaN  films 
grown  on  on-axis  SiC  substrate  are  the  short  threading  segments  of  dislocations  and 
short  dislocation  half-loops  originated  fiom  the  interface. 

(iv)  Engineering  of  the  AlN/GaN  heterostructures  utilizing  “sandwich”  AlN/GaN/AlN 
layers  under  the  thick  GaN  film  proves  to  be  useful  for  significant  reduction  of  the 
dislocation  density  in  the  GaN  films  due  to  strain  field  compensation  within  the 
“sandwich.” 

(v)  From  HRTEM  studies  it  is  found  that  the  GaN  films  are  under  residual  biaxial 
compression.  There  is  ~0.8%  residual  compressive  strain  in  the  GaN  films.  The 
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presence  of  the  compressive  strain  in  these  films  is  additionally  confirmed  by  the 
typical  contrast  moiphology  of  GaN  films  in  the  near-interface  region  between  GaN 
and  AIN. 

(vi)  Using  the  force  balance  method  of  Matthews  and  Blakeslee,  the  critical  thickness  for 
misfit  dislocation  generation  in  GaN  films  grown  on  AIN  films  is  found  to  be  12A. 
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X.  Luminescence  and  XRD  Studies  of  Stresses  in  GaN  Films 
Grown  on  6H-SiC(0001)  Substrates  via  MOVPE 

A.  Introduction 

Gallium  nitride  is  one  of  the  most  promising  semiconductor  materials  for  optical  devices  in 
the  blue  to  ultraviolet  region  due  to  its  direct  energy  band-gap  of  3.39  eV  at  room  temperature. 
Single  crystals  of  GaN  are  not  commercially  available,  and  therefore,  hetm)epitaxial  growth 
must  be  employed.  Two  sources  of  stress  are  prevalent  for  heteroepitaxial  films:  lattice 
mismatch  and  thermal  expansion  mismatch.  The  total  stress  results  in  a  biaxial  strain  of  the  film 
where  the  change  in  the  lattice  parameters  c  and  a  are  given  by  Poisson’s  ration, 
o=(Aa/ao)/(Ac/Co). 

Currently,  the  most  common  substrates  are  sapphire  (0001),  although  a  large  difference  in 
lattice  constants  and  thermal  expansion  coefficients  exists  between  GaN  and  sapphire.  Buffer 
layers  of  AIN  have  been  used  to  improve  film  quality,  although  a  significant  difference  in  lattice 
parameto^  between  AIN  and  sapphire  (Aa/ao  =  13  %)  still  exists  [1].  The  stress  due  to  lattice 
mismatch,  which  is  compressive  for  GaN  on  sapphire,  is  presumed  to  be  relieved  after  several 
nanometers  of  growth  according  to  critical  thickness  theory  [2].  The  primary  relief  mechanism 
is  the  formation  of  dislocations  at  the  film/substrate  interface  during  film  growth.  Upon 
cooling,  the  difference  in  thermal  expansion  coefficients  (a,,pphire  >  oigmn)  results  in  a 
compressive  stress. 

Recent  work  though  suggests  the  lattice  mismatch  stress  is  not  fully  relieved  [3]. 
Unfortunately,  it  is  difficult  to  substantiate  this  due  to  each  stress  being  compressive,  along 
with  the  variances  in  published  lattice  constants  and  thermal  expansion  coefficients  used  in 
calculations.  The  resulting  residual  strain  in  the  film  alters  the  lattice  constants  a  and  c  of  the 
GaN  wurtzite  structure  from  their  relaxed  values.  Previous  work  [2, 4]  measured  the  change  in 
lattice  constants  with  film  thickness.  The  compressive  stress  in  GaN  was  strongest  for  very 
thin  films  and  decreased  as  the  thickness  increased.  As  a  result  c  decreased  and  a  increased, 
which  is  e;q)ected  for  a  reduction  in  biaxial  compressive  strain. 

Recent  work  [1]  has  used  SiC  as  a  substrate,  with  AIN  as  a  buffer  layer.  The  lattice 
mismatch  between  AIN  and  SiC  is  much  smaller  (=  1  %),  but  the  critical  thickness  is  still  very 
small  (47  A  for  hexagonal  structures)  [5],  and  misfit  dislocations  readily  form  at  the  interface. 
Any  residual  stress  that  remains  would  be  compressive  (aGaN>aac)<  The  difference  in  thermal 
expansion  coefficients  is  opposite  in  sign  to  that  of  GaN  and  sapphire  (ocG.N>ccsic)>  resulting 
in  a  tensile  stress  contribution.  Thus,  the  two  main  stresses  in  this  heteroepitaxial  system  are 
opposite  in  sign,  offering  the  potential  to  confirm  if  residual  stress  exists  in  the  films. 

One  consequence  of  film  strain  is  a  variation  in  the  band-gap  energy  (Eg)  [6].  Variations  in 
Eg  may  be  detected  by  low  temperature  photoluminescence  (PL).  At  T  <  4.2  K,  the  PL  of 
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high-quality  GaN  reveals  intense  near-band  edge  emission  attributed  to  free  excitons  (both  A 
and  B)  and/or  excitons  bound  to  shallow  neutral  donors  (BX)  [1,7-9].  These  structures  are 
sensitive  to  variations  in  Eg  due  to  their  shallow  nature.  Amano,  et  al.  [10]  observed  a  shift  in 
bound  exciton  energy  (Ebx)  with  film  strain.  Reported  Ebx  values  for  GaN  on  sapphire  vary 
widely  from  3.467  to  3.494  eV  [7-9, 1 1].  TTiis  variation  may  be  due  to  differences  in  the  state 
of  strain  of  the  matmals  tested. 

In  this  report  the  relationship  between  Ebx  tuid  lattice  parameters  (and  hence,  strain)  will  be 
examined  for  18  GaN  films  grown  on  SiC.  These  results  will  be  compared  and  contrasted  to 
results  fOT  GaN  on  sapphire.  Also  discussed  will  be  the  role  of  the  AIN  buffer  layer  and  the 
degree  of  off-axis  tilt  of  the  SiC  substrate. 

B.  Expoimental  Procedure 

Absolute  lattice  constants  values  were  measiued  using  a  Philips  X’Pert  MRD  diffractcnneter 
in  the  triple-axis  mode.  The  method  used  was  originally  proposed  by  Fewster,  and  is 
comparable  to,  and  in  many  ways  more  accurate  than,  the  commonly  used  “Bond”  method 
[12].  The  high  resolution  of  the  triple-bounce  analyzer  crystal  and  the  steps  taken  to  eliminate 
inaccuracies  due  to  the  26  zero  error  and  sample  centering  account  for  this.  The  data  were 
collected  using  26-oo  scans,  with  corrections  made  for  refraction.  The  accxnacy  of  lattice 
parameters  measured  using  this  system  is  predicted  to  be  better  than  0.(XX)5A.  In  this  study  the 
lattice  parameter  c  is  measured  using  the  ((X)2)  reflection  and  a  is  measured  using  both  the 
(002)  and  (015)  reflections. 

Photoluminescence  measurements  of  the  GaN  films  on  SiC  were  made  at  4.2  K  using  a 
He-Cd  laser  (X^325  nm)  as  die  excitation  source,  unless  otherwise  noted.  Furdier  details  of  the 

PL  system  are  described  in  a  previous  report  [13].  The  films  were  grown  in  an  OMVPE  system 
described  previously[l].  All  of  the  films  were  unintentionally  doped,  with  n-type  carrier 
concentrations  ranging  from  1x10^^  to  below  1x10*^  /cm^  Both  on-axis  and  vicinal  (off-axis) 
6-H  SiC((XX)l)  wafers  were  used  as  substrates.  A  1000  A  AIN  buffw  layer  was  grown  on  each 
substrate  at  1 100°C  before  the  GaN  layer  was  deposited. 

C.  Results 

The  GaN  films  on  SiC  exhibited  strong  near-band-edge  emission  due  to  both  free  and 
donor-bound  excitons.  Photoluminescence  (PL)  from  a  3.7  pm  GaN  film  on  SiC  at  various 
temperatures  is  shown  in  Fig.  1.  The  emission  labeled  BX  decreases  much  faster  than  that 
labeled  FX  as  temperature  increases  from  10  to  100  K.  This  behavior  is  indicative  of  excitons 
bound  to  neutral  donors.  The  emission  labeled  FX  is  due  to  the  recombination  of  the  A  free 
excitons.  The  high  energy  shoulder  resolved  at  1(X)  K  is  the  B  free  exciton.  The  GaN  films  in 
this  study  are  dominated  by  the  bound  exciton  emission,  and  its  dependence  on  lattice 
parameter  values  will  be  discussed  in  this  study. 

79 


Figure  1.  PL  of  a  3.7  urn  GaN  layer  on  SiC  at  10, 20, 30, 40, 60, 80  and  100  K. 

The  bound  exciton  eneigy  (Ebx)  determined  at  4.2  K  as  a  function  of  the  lattice  constant  c 
is  displayed  in  Fig.  2  for  a  number  of  GaN  films  on  SiC.  These  samples  were  grown  at 
various  tenq)eratures  and  film  thicknesses,  the  effects  of  which  will  be  discussed  later  in  tins 
report  As  c  decreases  the  bound  exciton  emission  shifts  to  lower  energies.  The  strain  along  the 
c-axis,  AcICo,  is  in  response  to  a  strain  along  the  a-axis,  AalUo,  due  to  biaxial  stress  applied  in 
the  plane  of  the  film  by  thermal  mismatch.  This  relationship  is  given  by  Pmsson’s  ratio,  wh^ 
o=  (Ac/Co)/Aa/ao).  For  GaN,  values  between  0.372  and  0.38  are  generally  accepted  for 
o[4,14].  Thus  a  decrease  in  the  lattice  parameter  c  indicates  the  tension  in  the  film  is  increasing, 
which  causes  Eg  to  decrease  and  Ebx  to  shift  to  lower  energies. 

The  lattice  parameter  c  for  relaxed  GaN  is  5.1855  A  [15].  As  shown  in  Fig.  2,  it  falls  in  the 
middle  of  the  data,  an  indication  that  GaN  on  SiC  can  either  be  in  compression  or  tension, 
depending  on  the  growth  conditions.  This  is  contrary  to  what  is  expected,  indicating  the  stress 
in  the  film  is  not  entirely  due  to  the  differences  in  thermal  expansion  coefficients. 

From  the  slope  of  the  data,  Ebx  can  be  estimated  using  Ebx  =  (-14.76  +  3.561 ♦c)  eV, 
where  c  is  in  angstroms.  The  relaxed  value  for  Ebx  is  predicted  to  be  3.469  eV.  This  compares 
favorably  to  values  of  3.467  and  3.469  reported  for  thick  relaxed  GaN  layers  on  sapphire  [7]. 
The  linear  dependence  between  Ebx  and  c  indicates  that  the  wide  variety  of  energy  values 
reported  for  the  donor-bound  exciton  in  the  literature  are  due  to  different  amounts  of  strain.  For 
GaN  on  sapphire,  typical  Ebx  values  are  between  3.467-3.494  eV,  which  are  in  the  energy 
range  indicated  for  films  under  compression  in  this  report  Included  in  Fig.  2  is  a  data  point  for 
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a  4.7  p.in  GaN  film  grown  on  sapphire  provided  by  Barbara  Goldenberg.  This  indicates  the 
model  in  this  work  can  be  used  to  predict  Egx  using  c  values  for  GaN  grown  <mi  any  substrate. 


Figure  2.  Lattice  constant  c  vs.  bound  exciton  energy  (Ebx)»  determined  at  4.2  K  for  GaN 

on  SiC. 

The  shift  of  Ebx  due  to  biaxial  film  stress  (a,)  can  be  estimated  using  Hooke’s  law, 
o,  =  [(c-Co)/Co]E/\),  where  E  is  the  bulk  modulus  (195  GPa),  and  x>  is  Poisson’s 
ratio  (.372)  [16].  Using  the  data  in  Fig.  2,  a  value  of  dEBx/dOa  =  36.0  meV/GPa  is 
calculated.  This  result  is  higher  than  that  found  previously  for  GaN  on  sapphire  (27  meV/GPa) 
[17],  but  it  compares  favorably  to  results  from  hydrostatic  pressure  experiments  (39  and 
40  meV/GPa)  [18,19]. 

The  d^ndence  of  growth  temperature  on  film  strain  was  measured  using  two  films  grown 
at  1050  and  1100®C  on  both  on-  and  off-axis  SiC.  The  results  are  shown  in  Fig.  3.  The  film 
thickness  is  0.6  [im  for  each  film.  For  both  sets  of  films  Ebx  is  lower  for  those  grown  at 
1100°C  compared  to  1050°C,  an  indication  these  films  are  in  more  tension.  This  result  is 
expected,  as  the  higher  growth  temperature  increases  the  thermal  gradient  for  cooling  to  room 
temperature.  This  increases  the  strain  due  to  thermal  mismatch  that  is  given  by  e-n,ennai  = 
AT(aG*N  -  a  sic)»  where  AT  is  the  difference  between  the  growth  and  room  temperature  and 
a  GM  and  asic  are  the  thermal  expansion  coefficients  for  GaN  and  SiC,  respectively. 

A  similar  energy  shift  due  to  strain  was  seen  for  the  donor-acceptor  pair  (DAPj)  emission  at 
3.26-3.27  eV  in  Fig.  3.  This  emission  is  accompanied  by  two  longitudinal  optical  (LO)  phonon 
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replicas  that  are  92  and  184  meV  lower  in  energy.  This  data  is  displayed  more  clearly  in  the 
insets  for  both  substrates.  DAP  emission  is  stronger  for  thinner  films  (<0.7  jim)  due  to 

compensation  by  shallow  acceptors,  which  reportedly  result  from  carbon  impurities  trapped  at 
dislocations  [20].  The  origin  of  the  second  set  of  peaks  for  the  off-axis  SiC  (DAP2)  is 
unknown,  although  recent  work  suggest  that  oxygen  is  acting  as  a  deep  donor  [21].  This 
emission  shows  a  similar  energy  shift 


Figure  3.  PL  from  GaN  films  of  equal  thickness  at  T,  =  1050  and  1100®C. 

A  GaN  film  with  a  thickness  variation  of  0.5  pm  grown  on  a  SiC  wafer  (30  mm  diameter) 
was  used  to  further  study  the  relationship  between  lattice  constants  and  Ebx.  The  film  thickness 
was  roughly  1.5  pm  at  the  center  of  the  wafer  to  1.0  pm  at  the  edge,  as  verified  by 
spectroscopic  ellipsometry.  Die  variation  in  the  lattice  constants  c  and  o  across  the  radius  of  the 
wafer  are  shown  in  Fig.  9.  As  thickness  decreased  a  also  decreased,  indicating  that  the 
compressive  stresses  in  the  film  increased  (a  was  near  its  relaxed  value  of  3.1892  A  at  the 
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wafer  center).  At  the  edge  of  the  wafer  a  increased  slightly,  indicating  the  film  thickness  may 
have  increased  slightly.  This  vaiiatitxi  was  also  seen  in  spectroscopic  ellipsometiy. 

Ebx  across  the  wafer  surface,  as  determined  by  PL  measurements  at  4.2  K,  is  displayed  in 
the  inset  of  Fig.  9.  Temperature-dependent  PL  confirmed  this  peak  is  due  to  the  recombination 
of  excitt>ns  at  neutral  donors.  Ebx  increased  as  the  film  thickness  decreased.  At  the  edge  of  the 
wafo:  Ebx  increased  slightly,  similar  to  die  trend  seen  in  the  x-ray  data. 


Figure  4.  Change  in  lattice  parameters  c  and  a  for  a  GaN  film  widi  thickness  varying  from 
1.5  to  1.0  pm  across  the  wafer.  Displayed  in  the  inset  is  the  shift  in  bound- 
excimn  pe^  across  the  saiqile. 

The  lattice  constant  c  of  the  AIN  buffer  layer  was  also  measured  using  the  absolute  lanir** 
measurements,  and  the  results  are  shown  in  Fig.  10.  The  1000  A  thickness  of  the  buffo-  layer 
led  to  very  low  x-ray  signals,  but  long  count  rates  were  used  to  improve  the  accuracy  of  these 
measurements  to  better  than  .001  A.  The  lattice  parameter  c  for  relaxed  AIN  is  4.982x10  *  cm, 
indicating  the  buffer  layer  is  in  tension  across  the  wafer.  However,  the  accuracy  of  this  value 
has  not  been  exhaustively  studied  as  in  the  case  of  GaN. 

Further  measurements  were  made  on  the  AIN  buffer  layer  of  selected  films.  The  data  is 
presented  in  Table  I.  All  of  the  films  listed  were  grown  on  off-axis  SiC.  The  stress  in  each 
layer  was  calculated  using  Hooke’s  law  (tensile  stress  is  positive),  where  the  bulk  modulus  (E) 
for  GaN  and  AIN  are  195  and  308  GPa,  respectively,  and  o  is  Poisson’s  ratio  (0.372)  for  both 
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layers  [12,14].  The  results  show  that  for  the  GaN  films  under  the  strongest  tensile  stress  (152 
and  164)  die  buffer  layer  is  also  under  tension,  with  the  stress  in  the  AIN  buffer  layer  9  times 
that  in  the  GaN  layer.  Two  films  have  a  buffer  layer  under  compression  (97  and  1 10),  while 
the  GaN  is  in  tension. 


Figure  5.  Change  in  c  for  AIN  buffo’  layer  on  SiC,  using  the  ((X)2)  reflection  with  an 
absolute  lattice  parameter  medid± 


Table  I.  Lattice  Parameters  for  GaN  Film  and  Accontqianying  AIN  Buffer  Layer 


Sample# 

cAlN 

Cain 

cGaN 

OiGaN 

96 

4.975E-08 

1.142 

5.186E-08 

-0.100 

97 

4.982E-08 

-0.033 

5.183E-08 

0.214 

152 

4.965E-08 

2.748 

5.182E-08 

0.299 

no 

4.986E-08 

-0.693 

5.184E-08 

0.116 

126 

4.971E-08 

1.730 

5.183E-08 

0.236 

154 

4.969E-08 

2.124 

5.183E-08 

0.165 

164 

4.965E-08 

2.735 

5.182E-08 

0.297 

One  explanation  for  these  results  is  that  the  mismatch  between  the  GaN  and  AIN  layers 
(4%)  are  not  fully  relieved  like  they  are  for  GaN/AlN/Sapphire,  where  the  AIN  buffer  layer  is 
polycrystalline.  This  residual  stress  may  account  for  the  GaN  being  in  compression  for  some 
samples,  as  As  the  GaN  film  thickness  increases  the  layer  would  overpower  the 

AIN  layer,  and  the  tensile  stress  due  to  the  thomal  mismatch  would  dominate. 
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As  the  tension  in  the  GaN  layer  increases  the  AIN  layer  may  try  to  match  it,  resulting  in  die 
high  values  of  Cain  for  some  of  the  films.  Eventually  the  stress  in  the  AIN  layer  exceeds  a 
critical  stress,  resulting  in  cracking  of  the  AIN  buffer  layer.  TEM  of  our  materials  show  the 
AIN  buffer  layer  is  very  poor  structurally,  which  could  provide  a  number  of  locations  for 
cracking  to  begin.  Due  to  the  hritde  nature  of  diese  layers  this  cracking  may  act  to  partially  relax 
the  GaN  layer  as  well,  similar  to  the  phenomena  seen  for  GaN  cm  sapphire  [4], 

The  dependence  of  Ebx  and  strain  in  GaN  due  to  SiC  substrate  orientation  was  also 
investigated.  Fourteen  of  the  films  in  this  study  were  grown  concurrently  on  on-axis  and 
vicinal  (off-axis)  6-H  SiC(0001)  wafers,  using  a  1000  A  buffer  layer,  where  the  off-axis  tilt  is 
normally  between  3-4°.  The  results  off  these  runs  arc  displayed  in  Table  H.  Film  sets  151-154 
were  part  of  a  growth  temperature  study.  Although  their  thicknesses  arc  unknown  they  should 
all  be  over  1  pm  thick,  with  the  Elms  grown  at  950°C  the  diickest  It  should  also  be  noted  that 
the  vicinal  substrate  for  film  set  #192  {q)pears  is  only  2°  off-axis,  compared  to  3-4°  for  the 
other  films. 

The  results  show  that  the  thirmer  (^.6  pm)  films  on  on-axis  SiC  are  in  compression,  as 
indicated  by  Ebx  and  lattice  parameter  c  values,  relative  to  films  grown  on  vicinal  SiC,  with  an 
enCTgy  difference  of  up  to  15.6  meV.  As  thickness  increases  this  effect  diminishes,  with  the 
GaN  film  grown  at  950°C  (#154)  in  tension  relative  to  that  grown  on  vicinal  SiC  It  is  possible 
that  diese  films  are  relaxed. 

To  understand  these  results  it  is  necessary  to  examine  the  growth  of  GaN  on  SiC  using  an 
AIN  buff«’  layer.  During  growth  an  inversion  domain  boundary  readily  forms  at  each  SiC  step 
that  threads  through  the  AIN  buffer  layo*  and  possibly  into  the  GaN  film.  These  boundaries  are 
thought  tt>  act  as  relief  mechanisms  for  lattice  strain  in  a  manner  similar  to  misfit  dislocation/ 
threading  dislocation  combinations.  The  density  of  these  boundaries  should  increase  as  the 
number  of  steps  on  the  SiC  increases,  i.e.  as  the  off-axis  tilt  increases. 

Initial  TEM  studies  have  verified  these  boundaries  are  much  more  prevalent  in  GaN  films 
grown  on  vicinal  SiC  compared  to  on-axis  SiC.  Thus  it  is  possible  that  the  stress  due  to  lattice 
mismatch  is  not  fully  relieved  for  the  films  on  on-axis  SiC,  which  is  contrary  to  what  is 
predicted  by  critical  thickness  theory.  This  would  result  in  a  residual  compressive  stress 
applied  to  the  GaN  film  due  to  the  lattice  parameter  asc<aGd4.  Some  or  all  of  the  residual  stress 
in  this  scenario  may  originate  from  the  lattice  mismatch  between  the  GaN  film  and  AIN  layer, 
as  discussed  previously.  If  this  compressive  stress  is  larger  than  the  tensile  stress  due  to 
thermal  expansion  mismatch  than  the  GaN  films  should  be  in  compression. 

This  hypothesis  may  explain  why  the  thinner  GaN  films  grown  on  on-axis  SiC  are  in 
compression,  while  films  grown  concurrently  on  off-axis  SiC  for  sample  sets  181  and  164  are 
in  tension.  The  compressive  strain  for  GaN  film  #  192  on  off-axis  SiC  may  due  to  the  off-axis 
tilt  only  being  2°.  The  compressive  stress  for  the  on-axis  films  decreases  as  film  thickness 
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increases.  One  possible  explanation  is  that  as  thickness  increases  the  inversion  domain 
boundaries  present  are  long  enough  to  relieve  the  stress  due  to  lattice  mismatch,  allowing 
thermal  mismatch  effects  to  dominate  the  state  of  stress  in  the  films. 


Table  IL  Con:^>arison  of  GaN  Films  (xi  Vicinal  (off-axis)  and  On-axis  SiC  Substrates 


Sanple# 

on/ 

Growth 

film  thick. 

Energy 

Eoo-Eoff 

c(A) 

off 

Temp.  (°C) 

(pm) 

(eV) 

meV 

164 

on 

1100 

.6 

3.473 

5.186E-08 

164 

off 

1100 

.6 

3.457 

15.5 

5.182E-08 

4.26E-11 

181 

on 

1050 

.6 

3.483 

5.190E-08 

181 

off 

1050 

.6 

3.467 

15.6 

5.183E-08 

7.20E-11 

192 

on 

1050 

.3 

3.479 

5.188E-08 

192 

off 

1050 

.3 

3.475 

4.29 

5.187E-08 

7.15E-12 

110 

on 

1050 

1.4 

3.466 

no 

off 

1050 

1.4 

3.463 

2.52 

151 

on 

1000 

>1 

3.455 

5.182E-08 

151 

off 

1000 

>1 

3.453 

2.02 

5.181E-08 

2.76E-12 

152 

on 

1050 

>1 

3.457 

5.182E-08 

152 

off 

1050 

>1 

3.456 

.77 

5.182E-08 

1.86E-12 

154 

on 

950 

>1 

3.460 

5.183E-08 

154 

off 

950 

>1 

3.462 

-1.64 

5.183E-08 

-4.21E-12 

D.  Conclusions 

We  have  presented  photoluminescence  and  x-ray  results  for  GaN  films  on  SiC  substrates. 
A  linear  dependence  was  seen  between  the  bound  exciton  peak  energy  (Ebx)  and  the  lattice 
constant  c.  From  this  data  Ebx  for  relaxed  GaN  (c=5.1855  A)  is  3.469  eV,  which  agrees 
favorably  with  results  for  relaxed  GaN  on  s^phire.  From  the  slope  of  the  data  it  is  possible  to 
estimate  Ebx  from  x-ray  data  and  vice-versa. 

The  results  also  show  that  GaN  on  SiC  can  either  be  in  compression  or  tension,  depending 
on  the  growth  craiditions.  This  indicates  tiiat  the  stresses  are  not  entirely  due  to  the  mismairh  in 
thermal  eiqiansitm  coefficients.  One  possibility  is  that  there  is  some  residual  stress  due  to  lattice 
mismatch,  which  would  add  compressive  stresses  to  the  film.  This  conqiressive  stress  appears 
to  decrease  with  thickness,  as  the  tension  in  the  film  increased  with  thickness  (until  cracking 
occurs  to  relieve  stress). 

Two  possible  sources  for  this  residual  stress  were  discussed.  One  is  that  residual  stress 
may  exist  between  the  GaN  film  and  the  AIN  buffer  layer.  This  residual  stress,  however  small, 
would  act  to  counterbalance  the  tensile  stress  due  to  thermal  mismatrh 
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The  other  possibility  is  that  the  on-axis  SiC  substrate  does  not  offer  enough  steps  for 
inversion  domain  boundary  to  form  and  fully  relieve  stress  in  the  GaN  film  during  growth.  The 
result  is  that  residual  stress  would  exist  due  to  lattice  mismatch  between  GaN  and  SiC,  and 
quite  possibly  GaN  and  AIN.  This  explanation  is  supported  by  the  difference  in  the  state  of 
strain  between  thin  GaN  films  grown  concurrently  on  vicinal  and  (Mi-axis  SiC. 

One  possible  source  of  GaN  film  relaxation  is  the  cracking  of  the  AIN  buffer  layer. 
Calculations  show  that  the  tensile  stress  in  the  AIN  buffer  layer  is  nine  times  higher  than  those 
in  GaN  films  undo*  the  most  tension  in  this  study.  If  the  stress  in  the  AIN  exceeds  a  critical 
stress  then  cracking  would  result  This  cracking  may  act  to  relieve  stress  in  die  whole  structure. 
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XI.  UV  Photoemission  Study  of  Heteroepitaxial  AIN  Films  Grown 
on  6H-SiC  Non-Polar  Surfaces 

A.  Introduction 

Hieie  is  increasing  interest  in  electronic  devices  composed  of  m-nitride  matraials  for  opto¬ 
electronic  applications  in  the  blue  and  UV  region  [1].  An  alternative  application  of  these 
semiconductors  is  in  electron  emission  devices.  Recent  studies  have  demonstrated  that  diamond 
surfaces  can  exhibit  a  negative  electron  affinity  (NEA).  NEA  surfaces  may  prove  to  be  critical 
elements  for  cold  cathode  devices,  vacuum  microelectroitics,  and  photodetectors  [2,3].  In 
addition  to  diamond,  thin  films  of  AIN  grown  on  6H  SiC  have  been  shown  to  exhibit  a 
negative  electron  affinity  (NEA)  [4,5].  Some  AIN  NEA  surfaces  were  obtained  fiom  air 
exposed  surfaces  and  do  not  appear  to  be  readily  poisoned.  In  contrast  to  diamond,  AIN  and 
GaN  materials  exhibit  the  wurtzite  crystal  structure.  One  of  the  most  sigitificant  limitations  in 
the  application  of  diamond  is  that  reliable  n-type  doping  has  not  been  achieved.  In  contrast, 
n-type  doping  has  been  obtained  for  GaN  and  some  AlGaN  alloys.  This  study  explores  further 
the  electron  affinity  of  epitaxial  AIN  films  on  6H-SiC  of  different  orientations.  Specifically,  we 
study  the  electrortic  properties  of  AIN  grown  on  the  non-polar  surfaces  of  SiC. 

The  wurtzite  AIN  and  GaN  form  a  continuous  solid  solution  of  AlxGai_xN  for  ()^<1  with 
bandgaps  that  range  from  3.4  eV  (GaN)  to  6.2  eV  (AIN).  Figure  1  displays  the  bandgap  of 
several  materials  as  a  function  of  the  equivalent  hexagonal  lattice  constant  The  alloys  are  also 
miscible  with  In,  hence  the  inclusion  of  InN  could  extend  the  range  to  1.9  eV.  The  electron 
affirtity  of  a  semiconductor  is  related  to  the  surface  dipole  and  to  the  fundamental  energy  levels 
of  the  materials.  Because  the  valence  and  conduction  bands  of  the  senuconductors  have  origin 
in  the  sp^  bonding  and  antibonding  levels,  it  may  be  suggested  that  the  larger  bandgap 
materials  will  exhibit  a  small«’  or  negative  electron  affirtity.  In  comparison  with  diamond,  it 
trtight  be  assumed  that  AlGaN  alloys  with  a  bandgap  greater  than  5.4  eV  could  exhibit  an  NEA. 
In  this  paper,  studies  are  reported  of  AIN  grown  on  alternative  substrate  orientations. 

The  AIN  films  used  in  this  study  were  are  grown  on  6H-SiC  substrates.  Ihe  n-type  SiC 
substrates  used  have  a  small  lattice  rrtismatch  with  AIN  (3.08  A  vs.  3.11  A)  and  GaN 
(a=  3.19A).  The  small  lattice  mismatch  enables  heteroepitaxial  growth  of  the  wurtzite  (2H) 
structure.  Furthermore,  the  fact  that  the  substrates  are  conducting  avoids  charging  problems 
associated  with  photoemission  from  large  bandgap  and  insulating  materials. 

The  electron  affirtity  of  a  semiconductor  or  the  presence  of  an  NEA  can  be  detemtined  by 
ultraviolet  photoerrtission  spectroscopy  (UPS)  [6-8].  The  experiments  described  here  involve 
directing  21.2  eV  light  (the  He  I  resonance  line)  to  the  surface  of  the  sample  and  detecting  the 
spectrum  of  the  emitted  photo  excited  electrons  as  a  function  of  electron  kinetic  energy. 
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Figure  1.  The  bandgap  vs.  hexagonal  lattice  constant  (a)  for  a  variety  of  wide  bandgap 
semiconductors.  The  lattice  constant  for  the  cubic  materials  has  been  determined 
from  the  (111)  plane. 

Typically,  UPS  is  used  to  obtain  a  profile  of  the  valence  band  (VB)  electronic  states.  As  such, 
most  studies  of  UPS  of  semiconductors  present  data  of  the  most  energetic  electrons 
fixMn  the  surface.  Electrons  scattered  to  lower  energy  and  secondary  electrons  will  be  displayed 
in  the  spectrum  at  lower  kinetic  energies.  In  addition,  for  a  semiconductor  which  exhibits  an 
NEA  surface,  a  distinctive  peak  may  be  observed  at  the  low  kinetic  energy  (highest  binding 
energy)  end  of  the  photoemission  spectra.  Figure  2  depicts  a  schematic  representation  of  the 
photoemission  spectra  from  a  semiconductor  with  a  negative  or  positive  electron  affinity.  The 
low  kinetic  energy  feature  is  due  to  secondary  electrons  which  (quasi)  thermalize  to  the 
conduction  band  minimum.  Note  that  the  solid  line  indicates  a  material  with  a  positive  electron 
affinity  while  the  dashed  line  is  a  feature  indicative  of  an  NEA.  In  this  paper,  samples  with 
both  positive  and  negative  affinity  surfaces  are  discussed. 

The  sharp  features  typical  of  an  NEA  have  been  observed  from  spectra  of  (1 1 1)  and  (100) 
diamond  surfaces  [6-10].  In  the  studies  of  diamond,  a  correlation  was  made  between  the 
presence  of  hydrogen  and  the  NEA  peak  [9,10].  In  addition,  it  was  also  shown  that  thin  metal 
layers  such  as  Ti  or  other  moderate  work  function  metals  could  induce  an  NEA  on  the  diamond 
surface  [10,11].  These  measurements  verify  that  the  surface  dipole  can  be  influenced  by 
surface  processing  and  that  the  effects  contribute  to  the  observation  of  an  NEA. 
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Figure  2.  A  schematic  of  the  difference  in  the  photoemission  spectra  of  a  semiconductor 
with  a  positive  or  negative  electron  affini^. 

B.  Experimental  Procedure 

The  6H-SiC  substrates  used  in  this  study  were  supplied  by  Cree  Research,  Inc.  The 
samples  were  n-type  with  doping  concentrations  of  to  lOl^/cm^.  To  avoid  surface 
contamination  the  AIN  samples  were  grown  in  the  integrated  UHV  transfer  system  by  gas 
source  molecular  beam  epitaxy  (GSMBE).  This  system  includes  the  UPS  system,  LEED, 
Auger,  hydrogen  and  argon  plasma  processing  chamber,  and  XPS  as  well  as  the  GSMBE.  The 
system  is  described  elsewhere  [9,11].  Recently  added  is  the  capability  of  gas  source  MBE 
(GSMBE)  to  grow  undoped  AIN  and  GaN  films. 

Nitride  thin  films  were  previously  grown  on  n-type.  Si-face  (x(6H)-SiC((XX)l)  substrates  at 
10(X)-1050°C.  The  other  substrate  wafers  were  SiC  <1010>  and  <1120>  surfaces.  The 
as-received  SiC  pieces  were  degreased,  dipped  into  a  10%  HF  solution  for  10  minutes  to 
remove  the  thermally  grown  oxide  layer  and  blown  dry  with  N2  before  being  loaded  onto  the 
transfer  system.  We  examine  AIN  layers  on  (1010)  and  (1 120)  SiC  as  well  as  reporting,  for  die 
first  time,  AIN  on  C  face  (0001)  SiC. 

The  growth  took  place  in  a  GSMBE.  The  cleaning  procedure  is  described  above,  once  in 
vacuum  the  substrate  is  annealed  in  a  silane  flux  [12].  The  samples  were  not  intentionally 
doped,  but  since  very  thin  films  were  employed,  charging  problems  were  avoided.  A1  and  Ga 
are  solid  sources  in  K  cells  while  ammonia  (NH3)  provides  the  N  source. 

The  UPS  measurements  were  excited  with  21.21  eV  radiation  (He  I  resonance  line),  and 
emitted  electrons  are  collected  with  a  hemispherical  energy  analyze.  The  base  pressure  of  the 
UPS  system  is  2xl0’19  Torr,  and  operating  conditions  involve  pressures  up  to  IxlO"^  Torr, 
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but  the  higher  pressure  is  due  to  the  helium  inflow  and  does  not  contaminate  the  sample.  The 
50  mm  mean  radius  hemispherical  election  analyzer  was  operated  at  a  0.15  eV  energy 
resolution  and  a  2®  angular  resolution.  The  analyzer  (VSW  HA50)  is  mounted  on  a  double 
goniometer  and  can  be  tilted  with  respect  to  the  sample  in  two  independent  directions.  The 
samples  were  fastened  with  tantalum  wire  to  a  molybdenum  sample  holder.  The  sample  holder 
is  biased  by  up  to  3  V  to  allow  low  energy  electrons  to  overcome  the  work  function  of  the 
analyzer.  The  Fermi  level  of  the  system  (sample  and  analyzer)  is  determined  by  UPS 
measurement  of  the  sample  holder  with  no  sample  bias  (Le.,  groimded).  The  sanple  holder  can 
be  heated  to  1 150®C,  and  the  temperature  is  measured  by  a  thermocouple. 

C.  Results  and  Discussion 

The  UV  photoemission  spectra  of  the  (1010)  and  (1 120)  samples  are  shown  in  Fig.  3.  The 
AIN  films  were  prepared  in  by  GSMBE  and  transferred  under  UHV  to  the  photoemission 
system.  Samples  were  biased  with  2-3  V  to  overcome  the  work  function  of  the  analyzer,  and 
all  spectra  were  shifted  to  be  aligned  at  the  valence  band  maximum.  The  spectra  were  scaled 
such  that  the  strongest  emission  was  the  same  for  all  curves. 


E-  Evb  (eV) 

Figure  3.  The  UV  photoemission  spectra  of  AIN  grown  on  the  (1010)  and  (1120) 
surface.  Spectra  were  aligned  at  the  valence  band  maximum. 
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A  more  precise  description  of  the  relation  of  the  NEA  is  obtained  from  the  spectral  width. 
The  spectral  width  is  obtained  from  a  linear  extrapolation  of  the  emission  onset  edge  to  zero 
intensity  at  both  the  low  kinetic  eno-gy  cutoff  and  at  the  high  kinetic  energy  end  (reflecting  the 
valence  band  maximum).  For  a  material  with  a  positive  electron  affinity.  Fig.  2  shows  that 
X  =  hv  -Eg  -W,  and  for  a  material  with  a  negative  electron  affinity  Fig.  2  indicates  that 
0  =  hv  -Eg  -W,  or  rewriting,  hv  =  Eg  -i-  W.  Note  that  the  photoemission  measurements  cannot 
be  used  to  detmnine  die  energy  position  of  the  electron  affinity  for  the  NEA  case. 

To  determine  the  energy  position  of  the  valence  band  maximum,  the  spectral  gain  was 
increased,  and  the  intensity  was  extrapolated  to  0  emission.  The  spectra  for  the  two  oriented 
surfaces  are  aligned  in  Fig.  3  at  the  deduced  valence  band  maximum.  In  applying  the  relations 
noted  above,  the  bandgap  of  the  bulk  AIN  must  also  be  known.  The  literature  value  of  the  AIN 
bandgap  is  6.2  eV. 

Another  aspect  that  is  evident  from  the  photoemission  spectra  is  the  position  of  the  surface 
Fermi  level  relative  to  the  valence  band  maximum.  Features  are  seen  indictative  of  Fermi  level 
pinning  which  might  be  due  to  impurities.  In  particular,  the  strong  affinity  of  A1  with  oxygen 
often  results  in  increased  oxygen  incorporation  for  these  films. 

The  AIN  grown  on  C  face  SiC  has  a  positive  affinity  which  is  in  agreement  with  theory 
[13].  It  is  expected  that  growth  on  Si  face  (0(X)1)  gives  A1  terminated  AIN  while  growth  on  the 
C  face  gives  N  terminated  AIN.  It  is  expected  that  H  termination  will  induce  a  negative  election 
affinity  on  N  terminated  AIN.  This  surface  was  terminated  with  hydrogen  and  while  this 
reduced  the  affini^,  it  was  still  positive. 

AIN  grown  on  silicon  surfaces  were  studied  also.  Samples  grown  in  the  integrated  system 
showed  no  LEED  pattern  and  exhibited  positive  affinity.  Also  observed  is  that  AIN  grown  on 
(0001)  SiC  will  exhibit  positive  affinity  if  no  TEED  pattern  is  evident  These  two  observations 
lead  to  the  conclusion  that  surface  disorder  tends  to  produce  positive  affinity  surfaces. 

While  previous  results  have  shown  that  hydrogen  can  induce  a  negative  electron  affinity 
surface  on  diamond  [7,10],  less  clear  is  the  effect  of  H  termination  on  AIN.  Additionally,  no 
effort  was  made  to  control  the  surface  termination  for  these  samples.  For  diamond,  it  was 
found  that  the  observation  of  an  NEA  is  critically  dependent  on  the  surface  termination.  It  is 
evident  that  further  studies  are  necessary  to  characterize  the  surfaces  more  completely. 

D.  Conclusions 

In  summary,  we  have  observed  features  in  the  UPS  spectra  indicative  of  an  NEA  surface 
for  AIN  grown  on  (0001)  Si  face  SiC  and  (1010)  SiC  while  growth  on  the  C  face  of  (0001) 
and  the  (1 120)  surface  have  positive  affinities.  The  AIN  NEA  surfaces  spectra  exhibited  both 
the  sharp  features  at  low  kinetic  energy  that  have  been  found  to  be  characteristic  of  an  NEA, 
and  the  width  of  the  spectra  was  also  consistent  with  the  observed  effect  Furthermore,  surface 
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disorder  was  found  to  lead  to  positive  affinity  surfaces.  The  surface  Fenni  level  was  found  to 
be  pinned  towards  the  middle  of  the  band  gap  for  the  samples,  and  this  may  indicate  oxygen 
iiiq)urities. 
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XII.  New  Buffer  Layers  for  GaN  on  Sapphire  by  Atomic  Layer 
and  Molecular  Stream  Epitaxy 

A.  Introduction 

Good  quality  GaN  has  been  grown  by  conventional  MOCVD  and  ECR-assisted  MBE.  For 
GaN/InGaN  grown  on  s^phire  using  an  AlN/GaN  buffer,  the  large  lattice  mismatch  and 
thermal  mismatch  between  GaN  and  sapphire  is  known  to  enhance  three-dimensional 
nucleation  that  may  lead  to  low  angle  grain  boundaries.  The  most  common  buffer  layer  growth 
method  involves  depositing  a  low  temperature  AIN  or  GaN  film  then  anneal  at  lOOO^C  or 
higher  to  recrystallize  before  depositing  the  GaN  film  [1-3]. 

This  approach  has  worked  well  and  sevo^  device  structures  including  a  blue  LED  based 
on  the  AlGaN/InGaN/AlGaN  double  heterostructure  was  produced  in  Japan  based  on  this 
buffer  layer  growth  method.  However,  this  method  has  several  problems.  First,  the  electrical 
properties  of  the  GaN  critically  depend  on  the  thickness  of  this  buffer  layer.  Second,  the 
recrystallizatitHi  of  this  buffer  layer  produces  low  angle  grain  boundaries  that  form  a  source  of 
dislocation  nucleation  and  propagation  to  the  epilayer  surface  with  a  density  of  ~10i*^  cm-^. 
And  third,  these  dislocations  can  be  perpendicular  to  the  GaN/buffer  layer  interface  and  thread 
to  the  growing  surface  making  their  reduction  by  dislocation  interaction  and  aimihilation  less 
probable. 

In  an  attempt  to  reduce  the  defect  density  of  GaN  grown  on  sapphire,  we  report  on  two 
different  approaches  for  the  buffer  layer  growth;  Atomic  Layer  Epitaxy  (ALE)  and  Molecular 
Stream  Epitaxy  (MSE).  These  techniques  can  enhance  two-dimensional  growth  of  the  buffer 
layer  opposed  to  the  three-dimensional  growth  of  the  low  temperature  then  annealed  AIN 
buffer.  Both  techiuques  were  developed  by  our  group  in  the  epitaxial  growth  of  GaAs  and  their 
related  compounds  [4-7]. 

In  ALE,  the  substrate  rotates  between  two  streams;  one  containing  metalorgaitics  (MO)  and 
the  second,  NH3,  as  shown  in  Fig.  la.  ALE  offers  the  advantage  of  reactant  gas  separation, 
thereby  eliminating  gas-phase  reactions  which  can  hinder  high-quality  material  growth.  The 
MSE  process  is  shown  in  Fig.  lb  where  the  substrate  rotates  crossing  one  stream  containing 
both  MO  and  NH3  thus  depositing  a  few  monolayers  per  rotation.  The  deposited  hyet  is  being 
annealed  during  the  rest  of  the  cycle  and,  for  example,  for  a  30  rpm  rotational  speed  growing 
by  MSE,  the  growth  time  is  0.2  seconds  followed  by  an  aimealing  time  of  1.8  seconds.  For 
conventional  MOCVD,  the  susceptor  is  stationary  and  both  reactant  gases  flow  over  the 
substrate  simultaneously.  Typical  rotation  rates  are  30  to  60  rpm.  The  design  of  our  reactor 
allows  the  growth  of  Dl-nitride  thin  films  by  either  conventional  MOCVD,  MSE,  or  ALE  or 
any  ctmibination  of  the  three. 


94 


Ammonia 


Figure  1  a)  Schematic  drawing  of  the  susceptor  and  gas  flow  locations  for  the  ALE 
growth  method;  b)  schematic  drawing  of  the  susceptor  and  gas  flow  locations 
for  MSE  and  MOCVD  growth  methods. 


B.  Experimental  Procedure 

The  nitride  films  are  grown  on  on-axis  (0001)  sapphire.  Prior  to  growth,  the  substrate  is 
cleaned  and  etched  in  H2S04:H202  (1: 1)  for  45  minutes  at  120'’C.  It  is  then  annealed  at  1050®C 
for  15  minutes  inside  the  reactor  and  then  passivated  with  ammonia  for  1  minute.  The  layers 
are  grown  at  temperatures  ranging  fixim  550  to  900®C.  Column  m  reactants  are  TMAl  (+18®Q, 
TMGa  (-10®C),  and  EDMIn  (+10®Q  with  flows  varying  from  3-15,  1-8,  and  15-120  seem, 
respectively.  The  column  V  reactant  is  NH3  with  flows  in  the  range  of  0.5-2  slm.  The  carrier 
and  purge  gases  are  purified  nitrogen.  The  pressure  in  the  growth  chamber  can  also  be  varied 
from  less  than  1(X)  torr  to  atmospheric.  All  samples  grown  are  characterized  by  double  crystal 
x-ray  diffraction  (DCXRD)  and  transmission  electron  microscopy  (TEM)  will  also  be  used  for 
interface  and  microstructural  analysis.  Photoluminescence  (PL)  will  be  used  to  assess  the 
optical  properties. 

C.  Results 

It  is  well  known  that  a  strained  layer  superlattice  (SLS)  can  be  used  to  suppress  threading 
dislocations  in  zinc-blende  semiconductor  epilayers.  However,  the  threading  dislocations  in 
GaN  films  are  mostly  perfect  edge  type  that  have  slip  planes  of  { 1 1(X))  type,  which  require 
larger  resolved  shear  stress  to  initiate  glide.  Furthermore,  since  the  strain  field  introduced  by 
the  SLS  is  parallel  to  the  ((XX)1)  growth  plane,  the  resolved  shear  stress  on  the  { 1 1(X)}  plane  is 
zero.  Therefore,  it  can  be  expected  that,  to  suppress  or  eventually  eliminate  this  type  of 
threading  dislocation  with  a  SLS  could  be  difficult  The  nature  of  these  threading  dislocations 
suggests  that  it  is  important  to  carefully  select  the  thickness,  deposition  parameters  and  growth 
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mode  of  the  buffer  layer  to  minimize  or  avoid  formation  of  the  edge  type  dislocation  in  the 
ni-nitiide  films. 

In  this  work  we  have  studied  the  effect  of  the  buffo*  layos  grown  by  MSE  and  ALE  on  the 
crystalline  quality  and  defect  densities  of  the  grown  GaN  films.  The  objective  is  to  enhance  two 
dimensional  growth  of  a  single  crystal  buffer  layer  at  lower  growth  temperatures.  Lower 
growth  temperatures  reduce  the  effect  of  the  thermal  mismatch  between  the  grown  layers  and 
the  substrate.  The  two  dimensional  growth  will  enhance  the  lattice  mismatch  relief  by  farming 
misfit  dislocations  that  are  parallel  to  the  interface  between  the  buffer  layer  and  the  substrate. 
We  studied  the  effect  of  the  growth  parameters  of  the  buffo:  layer  such  as  the  gas  flows, 
growth  toiiperature  aixl  die  reactor  pressure  <xi  the  crystalline  quality  of  the  grown  films. 

To  compare  the  effect  that  the  buffer  layer  has  on  the  GaN  film,  buffer  layers  grown  by 
MSE  and  ALE  were  observed  in  cross-sectional  TEM  (XTEM).  For  all  samples,  the  substrate 
was  (0001)  sapphire  and  the  GaN  <mi  the  buffCT  was  grown  by  coiventional  MOCWD  at  900°C. 
The  GaN  films  are  single  crystalline  as  determined  by  x-ray  diffraction  and  selected  area 
diffiaction  in  the  TEM. 

ALE  Grown  Bi0er  Layer,  GaN  films  on  ALE  grown  buffer  layers  show  a  significant 
redaction  in  the  densi^  of  threading  dislocations;  in  the  low  10^  range.  Figure  2  shows  the 
microstructure  of  a  thin  GaN  film  (~0.3  |im)  grown  at  750®C  on  a  3.5  nm  AIN  buffer  layer 
deposited  at  700®C  and  100  Torr  by  ALE.  The  quality  of  this  film  is  reflected  in  the  FWHM  of 
130  arc  seconds  obtained  by  DCXRD  and  shown  in  Fig.  3.  (The  absence  of  the  (0002)  AIN 
peak  is  due  ro  the  thirmess  of  the  film.)  It  should  be  noted  that  this  130  arcsec  FWHM  is  for  a 
film  which  is  less  than  the  thickness  required  (0.4  p.m)  fcnr  obtaining  significant  dislocation 

interaction  and  reduction.  An  even  Iowa*  FWHM  would  be  obsoved  for  the  same  film  grown 
thicker  (1.0  pm  or  greater).  PL  analysis  indicates  a  sharp  GaN  band  edge  peak  at  368  tun  with 
no  deep  level  peaks  obs^ed. 

There  are  several  features  observed  in  films  grown  on  ALE  bufier  layers.  First,  the  layers 
grow  by  two  dimensional  growth  modes  as  single  crystals  at  lower  temperatures  with 
thicknesses  as  small  as  2  tun.  Second,  the  lattice  mismatch  between  the  buffer  layer  and  the 
sapphire  substrate  is  mainly  relieved  by  forming  misfit  dislocations  at  the  buffer/substrate 
interface.  Figure  4  illustrates  these  interfacial  misfit  dislocations.  These  misfit  dislocations  are 
in  contrast  under  two  beam  diffracticMi  ctxiditions  where  the  operating  g-vector  is  a  basal  plane 
vector  and  are  not  observed  under  g  =  [(X)02].  This  indicates  that  these  misfit  dislocations  are 
perfect  dislocations  of  the  1/3<1 120>  type.  From  the  diffraction  contrast  in  the  figure,  these 
dislocations  are  parallel  to  the  interface  which  is  the  favorable  conditions  for  relieving  lattice 
mismatch  in  these  materials. 
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Intensity  (a.u.) 


Figure  2.  XTEM  micrograph  of  GaN  grown  on  (0001)  sapphire  at  900®C  by  MOCVD 
buffered  by  an  AIN  layer  grown  at  700°C  and  100  torr  by  ALE. 


Figure  3.  DCXRD  of  MOCVD  GaN  epilayer  on  a  700®C/100  torr  ALE  AIN  buffer  with 

(0001)  s^phire  as  the  substrate. 
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Figure  4.  XTEM  micrograph  of  MOCVD  GaN  grown  on  an  ALE  AIN  buffer  all  on  a 
^{^hire  subtrate  showing  strain  cmtrast  fringes  at  the  buffra/substrate  interface 
indicating  misfit  strain  leUef  by  the  formation  of  interfacial  misfit  dislocations. 

MSE  Grown  Bi^er  Layer.  Figure  5  shows  a  XTEM  brightfield  micrograph  of  GaN  grown 
on  an  AIN  buffer  layer  deposited  at  900°Cyi00  Torr  by  MSE.  Threading  dislocations  of  the 
same  order  of  magnitude  seen  in  conventional  buffer  layer  growth  mediods  are  observed  as  a 
result  of  the  misfit  strain  caused  by  the  mismatch  between  the  epilayer  and  substrate  lattices, 
and  low  angle  grain  boundaries.  The  defect  density  is  highest  at  the  GaN/buffer  layer  interface 
and  decreases  with  increasing  thickness  of  the  GaN  layer  as  observed  by  others  [8].  The 
DCXRD  FWHM  for  films  grown  on  these  buffer  layers  are  as  low  as  510  arc  seconds  as 
shown  in  Fig.  6.  However,  this  mode  of  growth  has  not  been  fully  optimized. 

D.  Conclusions 

The  results  of  several  studies  into  the  effect  the  buffer  layer  has  on  the  quality  of  GaN  filmg 
has  been  presented.  The  ALE  buffer  layer  growth  technique  offers  a  promising  alternative  to 
the  commonly  used  low  temperature/annealed  technique.  The  MSE  buffer  layer  growth 
technique  has  comparable  crystal  quality  to  the  more  commonly  used  technique.  Optimization 
of  the  growth  conditions  help  in  obtaining  good  quality  buffer  layers,  as  well  as  studying  the 
optimum  thickness  and  its  effect  on  the  dislocation  density,  microstructure,  electrical  and 
optical  properties  of  device  quality  GaN  and  hiGaN  films. 
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XTEM  micrograph  of  MOCVD  GaN  on  (0001)  sapphire  buffered  by  an  AIN 
layer  grown  at  90b°C  and  700  Tore  by  MSE. 


DCXRD  of  MOCVD  GaN/MSE  AIN  buffer  on  a  (0001)  sapphire  substrate. 
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XIII.  Growth  of  High  Quality  InGaN  Films  by  Metalorganic 
Chemical  Vapor  Deposition 

A.  Introduction 

Blue,  green,  and  yellow  emission  from  nitride  compounds  can  rely  on  impurity  transitions 
in  the  GaN  or  In,Gai.,N  active  layers  [1-3].  This  approach  works  fairly  well  in  LED’s  with  a 
low  current  injection,  however  band  to  band  transitions  and  broad  emissions  are  also  observed 
when  a  high  injection  level  is  used,  such  as  might  be  expected  in  semiconductor  lasers  [4]. 
Rather  than  moving  the  emission  wavelength  through  deep  impurity  levels,  the  more  efficient 
band  edge  transition,  that  necessitates  an  Li^Gai.^N  (x  >  0.2)  active  layer  may  be  a  better 
altranative  to  achieve  light  emitting  devices  that  emit  from  the  blue  through  orange  region  of  the 
visible  spectnmL  While  there  have  been  many  reports  on  the  growth  of  high  quality  GaN  filnis 
by  MOCVD  in  recent  years,  fewer  reports  have  been  published  on  the  growth  of  high-quality 
lOxGai.xN,  having  structural  and  optical  properties  that  are  approaching  device  quality. 

In  addition  to  the  usual  problems  facing  MOCVD  m-nitride  growth  such  as  the  lack  of 
suitable  substrates,  the  growth  of  InGaN  alloys  by  MOCVD  can  suffer  from  several  other 
difficulties.  These  difficulties  include:  1)  The  high  equilibrium  vapOT  pressure  of  nitrogen  that 
is  required  during  growth  to  prevent  the  dissociation  of  the  In-N  bond.  The  equilibrium  vapor 
pressure  of  nitrogen  over  InN,  for  example,  is  several  orders  of  magnitude  greater  than  that  of 
AIN  and  GaN  [S].  2)  In  based  compounds  suffer  from  parasitic  gas  phase  reactions  between 
organometallic  sources  and  hydride  precursors.  It  seems  that  these  parasitic  reactions  are  more 
severe  when  NH3  is  used  relative  to  the  AsHa  [6]  and  the  PH3  [7]  cases,  especially  when  In 
based  organometallics  (OMs)  are  used.  3)  AlGaN/InGaN  heterostructures  can  suffer  from  the 
fairly  high  lattice  mismatch  between  these  ternary  alloys.  The  quaternary  alloy  AUnGaN  can 
offer  a  lattice  matched  platform  for  InGaN  growth,  but  this  quat^ary  alloy  has  barely  been 
studied.  4)  High  quality  interfaces  between  the  InGaN  wells  and  the  AlGaN  or  AlInGaN 
barrira'  layers  can  be  difficult  to  achieve.  Poor  interfaces  can  result  from  poor  nucleation  (3D  vs 
2D),  lattice  mismatch,  surface  reconstruction,  segregation  and  reaction  of  In  at  the  interfaces 
and  incompatible  growth  temperatures.  In  this  paper  we  report  on  the  growth  of  In^Gai.^N 
(0  <  X  <  0.40)  epitaxial  films  and  AlGaN/InGaN  double  heterostructures  (DHs).  These 
MOCVD  grown  films  were  deposited  on  buffer  layers  grown  by  Atomic  Layer  Epitaxy  (ALE) 
in  a  specially  designed  hybrid  growth  system. 

B.  Exporiroent 

A  versatile  growth  system,  capable  of  operating  in  several  growth  modes,  has  been 
designed  for  the  growth  of  III-N  compotmds.  The  versatility  of  the  system  arises  from  its 
unique  susceptor  design,  shown  in  Fig.  1.  For  this  work,  the  system  was  operated  in  two 
growth  modes,  ALE  mode,  for  the  growth  of  buffer  layers,  and  conventional  MOCVD  mode. 
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for  the  growth  of  the  InGaN  alloys.  Either  growth  mode  could  be  selected  on  demand  at  any 
time  during  a  growth  experiment  For  the  amventional  M(X!VD  mode  (Fig.  1),  the  substrate  is 
kept  stationary  under  a  mixed  flow  of  column  m  and  V  precursors.  To  improve  the  quality  of 
the  deposited  films,  a  novel  configuration  of  quartz  tubes  minimizes  parasitic  gas  phase  miYing 
of  the  NH3  and  metalorganic  precursors  until  the  gases  near  the  substrate  surface.  For  ALE 
style  growth,  the  reactants  are  physically  kept  separated  by  injecting  them  through  windows  on 
opposite  sides  of  the  stationary  susceptor,  while  die  moving  part  of  the  susceptor  sequentially 
rotates  the  substrate  under  the  physically  separated  gas  streams.  The  exposure  time  of  the 
substrate  to  each  reactant,  as  well  as  the  tin»  per  growth  cycle,  is  controlled  by  the  rotational 
speed  and  pause  times  under  the  reactant  gas  stream.  This  hybrid  growth  system  has  been  used 
to  grow  GaN  [8]  and  Ino.27Gaa73N  [9]  by  ALE  at  550  and  650°C,  respectively. 


Figure  1.  Suscepttx’  design:  Conventional  MCXTVD  growdi  mode. 

Source  gases  used  wwe,  trimethylgallium  (TMG,  -10°C),  trimethylaluminum  (TMA, 
+18  ®C),  ethyldimediylindium  (EdMIn,  +10®C)  and  NH3;  N2  was  used  as  the  carri^  gas.  Basal 
plane  sapphire,  cleaved  into  ~1.5  cm  x  1.5  cm  squares,  was  used  as  substrate  After 

solvent  cleaning,  substrates  were  loaded  and  annealed  in  N2  and  NH3  for  15  minutes  and 
1  minute  respectively.  ALE  growth  of  AlN/GaN  buffer  layers  [10]  was  performed  at  700®C, 
while  InGaN  films  were  grown  by  MOCVD  between  750-800®C.  The  InGaN  alloys  were 
typically  grown  on  GaN  that  was  deposited  by  MOC^VD  at  highw  temperatures  (900-950®C). 
MOCVD  grown  AlGaN  cladding  layers  for  DHs  were  also  grown  by  MOCVD  between  900 
and  950°C.  In/Ga  vapor  phase  ratios  were  ^  2  for  the  growth  conditions  used  in  this  work. 
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C.  Results 

faxGai-xN  epitaxial  laym  have  been  grown  with  values  of  InN  up  to  40%  in  the  ternary 
alloy.  The  full  width  at  half  maximum  (FWHM)  of  the  double  crystal  X-ray  diffraction 
(DCXRD)  data  is  broad  for  high  values  of  x,  but  is  comparable  to  that  of  GaN  grown  at  higher 
temperatures  for  low  values  of  InN%  in  the  ternary,  as  shown  in  Fig.  2.  Figure  2  shows 
DCXRD  data  for  an  lnQ.06Gao.94N  alloy  grown  at  780  ®C  on  GaN.  The  X-ray  line  width  has  a 
FWHM  of  ~250  arc  seconds,  the  lowest  reported  to  date  for  InGaN.  The  X-ray  peak  of  the 
underlying  GaN  layer  is  also  relatively  sharp.  Figure  3  shows  Q  -  2Q  X-ray  data  for  an 
Ino.4oGao.6oN  film  grown  at  750  ®C  on  GaN.  The  X-ray  line  width  has  broadened,  due  at  least 
in  part  to  the  increased  lattice  mismatch  between  the  underlying  GaN  layer  and  the  InGaN 
alloy.  This  composition  of  40%  InN  was  achieved  by  M(3CVD  with  a  In/Ga  gas  phase  ratio  of 
only  ~2,  a  relatively  low  ratio  as  compared  to  other  published  results  on  InGaN  having  even 
lower  InN%  [11]. 
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Omega  (secs.) 

Figure  2.  DCXRD  data  for  Ino.O6Gao.94N  grown  by  MOCVD  at  780®C  on  GaN. 

The  optical  properties  of  LiGaN  films  grown  in  our  hybrid  MOCVD  reactor  show  intense 
band  edge  (BE)  emission  that  is  sometimes  accompanied  by  emission  fiom  deep  levels.  Room 
temperature  photoluminescence  (PL)  data  of  several  InxGai.,N  films  is  presented  in  Figs.  4  and 
5.  Figure  4  shows  PL  data  of  an  Ino.15Gao.85N  alloy  that  was  grown  at  750  °C.  Strong  BE 
emission  near  410  nm,  having  a  FWHM  of  -190  A  is  observed  for  this  film.  The  peak  is  fairly 
sharp  and  almost  free  of  deep  level  emission.  Room  temperature  PL  data  for  an  Ino.35Gao.65N 
alloy,  also  grown  at  750°C,  is  shown  in  Fig.  5.  The  PL  spectrum  shows  BE  emission  at 
-470  nm  accompanied  by  a  tail  which  may  be  attributed  to  emission  from  deep  levels.  This 
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Figure  4.  Room  ten^).  PL  of  Ino.15Gao.85N  grown  at  750®C  by  MCX^VD. 

observed  PL  of  Fig.  5,  with  35%  InN,  represents  one  of  the  highest  reported  values  of  x,  to 
date.  The  good-to-excellent  optical  properties  of  these  MCKIVD  grown  InGaN  alloys,  with 
room  ten^rature  PL  spectra  dominated  by  BE  emission,  offer  the  potential  of  a  basis  for  light 
emitting  stractures. 

Preliminary  investigations  have  been  conducted  into  the  growth  of  AlGaN/InGaN/AlGaN 
DHs  by  MOCVD.  AlGaN  was  used  as  the  cladding  layer  for  these  stractures  to  offer  increased 
carrier  confinement,  and  was  grown  with  AIN  conqx)sition  between  10  -  30%.  Figure  6  shows 
room  temperature  PL  spectra  of  Alo.3Gao.7N/InxGai.,N/Alo.3Gao.7N  DH  with  0.1  <  x  <  0.15 
grown  by  M(X!VD  <mi  a  GaN  buffer  layer.  The  AlGaN  was  grown  at  900  °C,  while  the  InGaN 
film  was  grown  at  780  ®C.  The  PL  spectrum,  which  includes  BE  emission  from  the  GaN 
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buffer  layer,  shows  BE  emission  fiom  the  InGaN  active  layer  with  a  FWHM  of  about  15  nn 
This  value  is  comparable  with  that  reported  by  Nichia  obtained  fiom  their  EL  studies. 


Wavelength  (nm) 

Figure  5.  Room  temp.  PL  of  Inoj5Gao.65N  grown  at  750®C  by  MOCVD. 
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Figure  6.  Room  temp.  PL  of  a  AlGaN/lnGaN/AlGaN  DH  grown  by  MOCVD  on  GaN. 

D.  Conclusions 

High  quaUty  InGaN  alloys  have  been  grown  by  MOCVD  having  an  InN  composition  as 
high  as  40  %.  For  low  values  of  x,  the  In^Gai.^N  epilayers  have  a  sharp  X-ray  FWHM,  with 
values  as  low  as  250  arcsec  observed,  and  sharp  room  temperature  PL  spectra  that  are 
dominated  by  BE  emission.  For  higher  values  of  x,  the  X-ray  line  widths  broaden  and  room 
temperature  PL  spectra,  while  still  showing  BE  emission,  also  exhibit  some  emission  fiom 
deep  levels.  An  AlGaNMnGaNNAlGaN  DH  has  been  grown  that  shows  very  sharp  (FWHM  = 
15nm)  BE  emission  corresponding  to  an  fiiN  conposition  of -10%  in  the  active  layer. 
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XIV.  AlGaInN  Quaternary  Alloys  by  MOCVD 


A.  Intnxluction 

Current  approaches  in  achieving  In^Gai.^N  based  heterostructures  rely  on  the  AlGaN 
ternary  alloys  as  the  high  bandgap  barrier/confinement  layers  [1,2].  The  large  lattice  mktnatrti 
between  these  two  ternary  alloys  will  limit  either  the  value  of  x  or  the  thickness  of  the  InGaN 
well.  For  example,  the  critical  layer  thicknesses  for  the  Alo.1Gao.9N/InGaN  system  with  40% 
and  60%  InN  are  approximately  20A  and  IsA,  respectively.  This  will  limit  the  applications  of 
InGaN  in  the  green  and  yellow  regions.  Such  limitations  can  be  avoided  if  AlGaN  is  replaced 
by  a  more  versatile  AlxGai-x-yInyN  quaternary  compound.  As  shown  in  Fig.  1,  by  varying  die 
value  of  X  and  y,  the  bandgap  and  the  lattice  constants  can  each  be  independently  adjusted  to 
achieve  AlGaInN/InGaN  lattice  matched  stractures.  In  Fig.  2,  a  potential  LED  structure  with  a 
lattice  matched  quantum  well  is  shown. 


Figure  1.  Bandgap  versus  lattice  constants  for  the  AlGaInN  quatenary  system  showing 
how  an  InGaN  weU  can  be  lattice  matched  to  wider  bandg^  AlGaInN  barrier 
layers. 

One  of  the  major  obstacles  in  the  development  of  the  quaternary  is  the  determinaticm  of  the 
optimal  growth  temperature.  Aluminum  based  compounds  generally  require  higher  growth 
temperatures.  Any  residual  background  oxygen  impurities  in  the  deposition  system  or  source 
gases  will  result  in  the  incorporation  of  oxygen  in  the  growing  films.  Therefore,  higher 
temperatures  are  required  in  order  to  desorb  these  oxides  and  prevent  their  incorporation  into 
the  epitaxial  film.  Lower  temperatures,  however,  are  required  for  indium-based  compounds. 
Indium  compounds  have  relatively  high  vapor  pressures  and  the  growth  temperature  must  be 
lowered  in  order  to  increase  the  indium  incorporation  and  to  reduce  the  dissociation  of  the  In-N 
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bond.  The  growth  temperature  will  therefore  govern  the  limits  to  which  both  In  and  A1  can  be 
incorporated  into  the  AlGaInN  quaternary  alloy. 


GaNP'*" 


p  -  A1  In  GaN 
A  y 


n  -  A1  In  GaN 
A  y 


Lattice  matched 
quantum  well 
structure 

0<x<0.7 
0.2  <  y  <  0.3 


n  -  GaN  buffer 


sapphire  substrate 


Figure  2.  Potential  heterostracture  design  with  AlGaInN  barrier  layers  lattice  mfltrhPiH  to 
the  InGaN  well. 

Reported  here  is  the  growth  of  Al^Gai-x-ylOyN  with  the  composition  range 
(0  <  X  <  0.2)  and  (0  <  y  <  0.15)  using  a  modified  MOCVD  reactor.  Band  edge  transition  has 
been  observed  of  tiiis  quaternary  alloy  by  room  temperature  photoluminescence.  These  results 
were  achieved  by  first  investigating  the  MOCVD  growth  of  InGaN  and  AlGaN  in  the 
750-800°C  ten^rature  range.  This  growth  temperature  seems  to  be  a  good  conqtromise  for  the 
contradicting  requirements  for  both  the  aliuninum  and  indium  containing  compounds.  The 
growth  parameters  and  temperatures  used  for  these  ternary  alloys  were  used  to  determine  the 
favorable  ccHiditions  for  the  deposition  of  high  quality  AlGahiN. 

B.  E^qieriment 

The  reactor  design  is  based  on  the  rotating  susceptor  and  has  been  previously  described  [1, 
2].  This  design  allows  for  three  modes  of  crystal  growth:  MOCVD,  molecular  stream  epitaxy 
(MSB),  and  atomic  layer  epitaxy  (ALE).  The  organometallics  and  the  ammonia  are  injected 
through  separate  tubes  above  one  of  the  windows  in  the  graphite  susceptor.  This  configuration 
is  designed  to  minimize  gas  phase  reactions  between  the  ammonia  and  the  organometallics  prior 
to  reaching  the  surface  of  the  substrate.  Fot  MOCVD,  the  substrate  is  positioned  directly  under 
this  window  during  the  entire  growth  process. 
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The  growth  was  conducted  at  750  Torr  on  a  sapphire  substrate.  The  substrate  was  first 
annealed  and  ammonia  passivated  at  1050*’C.  Next  an  AIN  buffer  layer  was  grown  by  ALE  at 
700®C,  followed  by  a  GaN  film  grown  at  900°C  using  the  MOCVD  technique.  For  the  results 
presented  here,  the  growth  tBn:q)erature  was  then  lowered  to  the  750-800®C  temperature  range 
for  the  AlGaInN  layer  deposition.  Trimethylaluminum  (TMA),  trimethylgallium  (TMG), 
ethyldimethylindium  (EDMIn)  and  ammonia  were  used  as  precursors.  The  ammcxiia  flow  used 
was  50,000 :  mol/min.,  and  the  TMA  and  EDMIn  were  varied  to  control  the  quaternary 
conq)ositicHi.  Quaternary  films  with  thicknesses  of  about  0.5  pm  were  grown  and  charactraized 
by  energy  dispersive  spectroscopy  (EDS),  double  crystal  X-ray  diffraction  (DCXRD)  and 
room  tenq)erature  photoluminescence  (PL). 

C.  Results 

The  chemical  compositions  of  the  AlGalnN  quaternary  films  were  obtained  by  EDS.  First 
EDS  was  calibrated  for  In,  A1  and  Ga  using  standards  marfp.  from  InGaN  and  AIGaN  ternary 
films  of  known  compositions  determined  from  DCXRD  and  using  Vegard’s  law  for 
detmnination  of  these  ternary  crxnpositions.  Figure  3  shows  the  X-ray  diffiactions  pattern  of  a 
quaternary  film,  indicating  a  lattice  constant  (c-axis)  of  5. 185 A.  The  lattice  constants  can  be 
also  predicted  from  the  following  formula  [1]: 


a[AlxGai.35.yInyN]  =  x  a^m  +  (1  -  x  -  y)  acd^j  +  y  (1) 

This  formula  is  based  on  the  assumption  that  a  solid  solution  of  the  binary  constituents  is 
present  in  the  quaternary  alloy.  There  is  a  reasonable  agreement  between  the  lattice  constants 
measured  from  Fig.  3  and  the  value  deduced  from  the  above  relation  using  EDS  results  in 
obtaining  the  chemical  composition  x  and  y  [1].  Thus  at  least  in  the  compositirm  range  studied, 
a  solid  solution  does  exist  between  the  binary  oxistituents. 

The  ultimate  use  of  AlGalnN  is  reducing  the  lattice  mismatch  at  AlGalnN/friGaN 
interfaces.  Figure  4  shows  the  DCXRD  results  of  an  AlGaInN/InGaN/AlGaInN 
heterostmcture.  From  this  figure  it  is  difficult  to  resolve  the  ternary  and  quaternary  peaks  due 
to  the  fairly  close  lattice  constants.  The  arrows  labeled  T  and  Q  in  this  figure  show  the  lattice 
constants,  determined  by  X-ray  diffiraction,  of  the  ternary  and  quaternary  films,  respectively, 
when  grown  separately,  but  using  the  same  flows  as  in  this  heterostructure.  From  this  figure 
and  the  corresponding  lattice  constants  of  the  ternary  and  quaternary  alloys  it  can  be  shown  that 
the  lattice  mismatch  at  the  InGaN/AlGaInN  heterointerface  is  about  0.3%.  The  corresponding 
lattice  mismatch  of  this  InGaN  film  in  an  AlGaN/InGaN  hetrostructure  is  1.5%.  Figure  5 
shows  the  room  temperature  photoluminescence  for  this  quaternary  film,  indicating  band  edge 
emission  from  the  active  InGaN  layer. 
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Figure  3.  X-ray  results  for  a  quaternary  film  grown  by  MOCVD  at  780®C. 


Figure  4.  DCXRD  results  for  an  AlGaInN/InGaN/AlGaInN  heterostructure  grown  bv 
MOCVD  at  78(FC 
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Figure  5.  Room  tempmuuie  PL  for  the  AlGaliiN/lnGaN/AlGalnN  heterostructuie  shown 

in  Fig.  4. 


D.  Conclusions 

In  conclusion,  Al,Gai.x-yInyN  films  were  epitaxially  grown  on  GaN  by  MCKJVD  in  the 
composition  range  0<x<0.2,  0<y<0.15.  AlGaInN/InGaN  nearly  lattice  matched 
heterostructuies  were  grown,  allowing  the  potential  for  new  optoelectronic  device  structures 
with  the  geneiaticMi  of  misfit  dislocatitnis  at  critical  interfaces. 
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ABSTRACT 

A  selection  of  the  results  of  an  ongoing  theoretical  investigation  of  the 
properties  of  the  wide-gap  III-V  nitride  semiconductors  are  presented. 

The  energetics  of  the  2x2  reconstructions  of  GaN  surfaces  have  been 
studied.  The  nitrogen-adatom  reconstruction  on  the  gallium-terminated 
face  has  the  lowest  energy  of  the  reconstructions  considered;  on  the 
nitrogen-terminated  face,  the  nitrogen-vacancy  has  the  lowest  energy. 

The  electron  affinity  at  selected  AIN  surfaces  has  been  calculated.  Neg¬ 
ative  electron  affinity  (NEA)  is  found  for  the  2x2  aluminium- vacancy  re¬ 
construction  on  the  aluminium  terminated  face,  while  the  1x1  hydrogen- 
passivated  nitrogen-terminated  surface  has  a  very  small  electron  affinity. 

A  detailed  study  of  (001)  zinc- blende  interfaces  of  AlN/GaN/InN  is  de¬ 
scribed.  The  band  offsets  show  that  the  interfaces  are  of  type  I. 

INTRODUCTION  AND  SUMMARY 

Semiconductor  heterojunctions  find  wide  applications  in  microelectronics.  These 
include  lasers,  photodetectors,  high-efficiency  solar  cells  and  radiation-resistant  in¬ 
tegrated  circuits  [1].  The  III-V  nitrides  with  their  wide  band-gaps,  high  thermal 
stability  and  conductivity  and  radiation  resistance  have  long  been  viewed  as  attrac¬ 
tive  candidates  for  use  in  microelectronic  devices  [2].  The  recent  demonstration  of 
stimulated  emission  in  the  blue  region  has  served  to  further  increase  awareness  of 
the  potential  of  nitride-based  devices  [3]  and  elicited  the  interest  of  a  number  of 
theoretical  groups  [4]. 

We  have  studied  the  energetics  of  selected  2x2  reconstructions  of  GaN  surfaces 
and  find  that  on  the  gallium-terminated  face,  the  surface  with  an  adsorbed  nitro¬ 
gen  adatom  is  of  lowest  energy,  while  on  the  nitrogen-terminated  face,  the  nitrogen 
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vacancy  reconstruction  has  the  lowest  energy.  Motivated  by  the  experimental  dis¬ 
covery  of  negative  electron  affinity  at  AIN  surfaces  [5],  we  have  investigated  the 
electron  affinity  [6].  We  find  that  the  2x2  aluminium- vacancy  reconstruction  on 
the  aluminium-terminated  face  has  a  negative  electron  affinity  and  that  the  1x1 
hydrogen-passivated  nitrogen-terminated  surface  has  a  very  small  electron  affinity. 
The  electronegativity  difference  between  the  adatom  and  the  atomic  species  com¬ 
prising  the  surface  is  found  to  be  a  guide  for  anticipating  the  presence  of  NEA.  In 
particular,  NEA  may  occur  when  the  adatom  is  much  more  electropositive  than  the 
surface  atoms. 

We  investigated  the  zinc-blende  (001)  interfaces  of  AlN/GaN/InN  [7].  The  elas¬ 
tic  energy  of  GaN  grown  on  AIN  is  lower  than  AIN  grown  on  GaN,  indicating  that 
the  quality  of  pseudomorphic  growth  should  be  higher  when  AIN  is  used  as  the 
substrate.  Further,  the  effects  of  strain  on  the  valence-band  offset  are  significant,  as 
is  illustrated  by  the  calculated  values  of  the  valence-band  offset  for  AlN/GaN  (-0.58 
eV)  and  GaN/AlN  (-0.70  eV).  The  band  offsets  of  AlN/GaN/InN  were  computed, 
using  the  AIN  in-plane  lattice  constant  and  including  strain  effects.  They  are  all  of 
type  I  and  the  transitivity  rule  is  satisfied.  No  interface  states  were  found  in  the 
gap.  The  Alo.2Gao.8N/Ino.1Gao.9N  interface  was  studied  using  the  virtual  crystal 
approximation.  It  is  of  type  I  and  there  are  no  interface  states  in  the  gap. 

CALCULATIONS 

In  all  of  the  calculations,  the  standard  ab  initio  plane-wave  pseudopotential 
method  was  employed  [8,  9,  10].  For  the  exchange-correlation  energy,  the  Perdew- 
Zunger  parametrization  [11,  12]  was  chosen.  Non-local  potentials  were  included 
using  the  Kleinman-Bylander  approach  [13]. 

The  calculations  of  the  surface  reconstructions  and  the  electron  affinity  used 
F-point  sampling  and  a  plane-wave  energy  cut-off  of  30  Ry.  Norm-conserving,  pseu¬ 
dopotentials  [14,  15,  16]  were  used  for  aluminium  (p-local)  and  gallium  (d-local), 
while  for  nitrogen  a  soft-core  p-local  pseudopotential  was  used  [17]. 

The  plane-wave  energy  cut-off  for  the  interface  calculations  was  50  Ry.  The 
equivalent  of  10  k-points  for  bulk  and  superlattice  calculations  in  the  zinc-blende 
structure  [18]  were  chosen.  For  all  species,  d-local  norm-conserving  pseudopotentials 
[14,  15,  16]  were  used.  Further,  the  nonlinear  core  correction  was  included  for 
the  cation  species  [19].  The  calculated  bulk  properties  of  the  zinc-blende  nitrides 
obtained  using  these  pseudopotentials  are  shown  in  Table  1.  The  agreement  with 
experiment  is  excellent.  For  interface  calculations,  we  studied  4-1-4  superlattices  (16 
atoms  in  the  supercell)  along  (001). 

2x2  RECONSTRUCTIONS  OF  GaN  SURFACES 

The  surface  energy  is  an  important  consideration  in  growth,  where  the  relation¬ 
ship  between  the  surface  energies  of  faces  and  the  interface  energy  determines  the 
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Table  1:  Calculated  bulk  properties  of  zinc-blende  nitride  semiconductors.  The 
values  of  the  gap  at  the  F-point  (Er)  and  of  the  valence-band  width  {AEyb^)  are 
the  LDA  results.  Experimental  values  are  in  brackets  and  follow  Ref.  [20], 


AIN 

GaN 

InN 

do  (A) 

4.37  (4.38) 

4.52  (4.5) 

5.01  (4.98) 

Eo  (MBar) 

2.02  (2.02) 

1.70  (1.90) 

1.58  (1.37) 

Er  (eV) 

4.09 

2.24  (3.45) 

0.16 

AEybw  (eV) 

14.86 

15.48 

14.01 

Cii  (10^^  dyne/cm^) 

24.85 

23.74 

20.24 

Ci2  (10^^  dyne/cm^) 

13.37 

11.23 

12.96 

mode  of  growth.  The  standard  approaches  to  the  calculation  of  the  surface  energy 
from  total  energy  calculations  are  invariably  slab  calculations.  In  certain  favorable 
instances,  for  example  the  zinc-blende  (001)  surfaces,  a  slab  geometry  can  be  found 
in  which  both  faces  of  the  slab  are  the  same.  In  most  cases,  however,  this  is  not 
possible  and  the  surface  energies  can  only  be  determined  relative  to  some  reference 
surface,  usually  the  1x1  unreconstructed,  unrelaxed  surface,  even  if  the  surface 
energy  is  absolutely  defined. 

The  surface  energy,  a,  which  is  defined  as  an  excess  quantity,  is 

Eslab  ~  ^bulk  "h  (I) 

where  Egub  is  the  energy  of  the  system  with  the  surface  and  Ebtuk  is  the  energy  of 
the  equivalent  bulk,  i.e.  the  energy  of  the  equivalent  amount  of  material  considered 
to  be  part  of  an  infinite  bulk.  It  has  been  shown  that  the  surface  energy  is  only 
absolutely  defined  for  crystal  systems  with  sufficiently  high  symmetry,  for  example 
in  zinc-blende  crystals  [21].  Nonetheless,  in  crystals  of  lower  symmetry,  e.g.  wurtzite, 
where  the  surface  energy  is  no  longer  absolutely  defined,  combinations  of  surface 
energies  that  occur  in  physically  meaningful  situations  remain  well-defined. 

Chetty  and  Martin  [22]  developed  an  approach  using  symmetry-adapted  unit 
cells  that  made  possible  the  calculation  of  the  surface  energy  in  certain  cases.  In 
doing  so  they  introduced  the  energy-density  which  is  defined  through  the  relation 

E=  f  <iV£(r),  (2) 

Jv 

where  E  and  V  are  the  total  energy  and  volume  of  the  system,  respectively  and 
£(r)  is  the  energy  density. 

In  the  present  approach  we  use  the  energy-density  formalism  but  not  the  sym¬ 
metry-adapted  cells,  which  cannot  be  appropriately  defined  for  the  wurtzite  struc¬ 
ture.  Instead  we  devised  a  formalism  based  upon  a  subdivision  of  the  total  energy 
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into  atomic  “blocks”,  rigorously  defined  [23]  in  terms  of  generalized  Wigner-Seitz 
volumes  (see  below).  The  slab  and  the  bulk  are  considered  to  be  composed  of  such 
blocks.  The  cost  of  the  block  in  the  bulk  is  while  the  cost  of  the  equivalent 
block  in  the  slab  is  ef"**.  The  surface  energy  is  then  the  excess  or  deficit  cost  of 
building  the  slab  instead  of  the  bulk.  The  shape  and  volume  of  a  block  in  the  bulk, 
Vi,  is  defined  using  the  symmetry  of  the  lattice  and  the  charge-sum  rule 

Zi=^  f  d^rpbuik{r),  (3) 

JVi 

where  Zi  is  the  valence  of  the  atom,  Pbuiki^)  is  the  charge  density  in  the  bulk. 
This  volume,  which  can  be  viewed  as  a  generalization  of  the  Wigner-Seitz  cell,  we 
denote  as  the  charge-neutral  atomic  Wigner-Seitz  volume  for  the  atom.  This 
permits  the  definition  of  the  “bulk-atom”  energy,  Cj,  for  the  z**  atom,  which  is  the 
integral  of  the  energy  density  in  the  bulk  over  the  atomic  Wigner-Seitz  volume,  i.e. 


^Mk  _  d^rsbuikir). 

(4) 

In  this  way  the  surface  energy  is 

O'  =  Zl  [/-  d^'^^siabir)  -  Ci], 

half  slab 

(5) 

where  the  summation  is  over  those  volumes  (and,  hence,  atoms)  in  the  half-slab 
under  consideration  {V  is  the  relaxed  atomic  volume  in  the  slab).  This  approach 
provides  a  consistent  methodology  for  calculating  surface  energies  that  reproduces 
the  standard  calculations  along  high-symmetry  directions,  for  example  for  the  (001) 
zinc-blende  surface. 

This  methodology  has  been  used  in  conjunction  with  the  Car-Parrinello  method 
to  determine  the  energy  of  2x2  reconstructions  of  wurtzite  (0001)  GaN.  Three 
reconstructions  on  each  surface  were  studied,  namely  the  gallium-  and  nitrogen- 
adatom,  and  vacancy  reconstructions.  The  adatoms  were  placed  on  the  hollow  site. 

For  the  gallium-terminated  surface,  the  nitrogen  adatom  structure  has  the  lowest 
energy  while  the  gallium-vacancy  structure  is  of  somewhat  higher  energy.  In  the 
nitrogen-adatom  reconstruction,  the  three  gallium  atoms  bonded  to  the  nitrogen 
adatom  move  towards  the  adatom.  The  remaining  gallium  atom  relaxes  inwards 
towards  the  nitrogen  layer.  The  subsurface  N  atom,  which  has  three  bonds  with 
the  surface  gallium  atoms  bonded  to  the  N-adatom,  moves  outwards  towards  the 
Ga  atoms,  becoming  almost  coplanar  with  them.  In  the  vacancy  reconstruction, 
the  three  gallium  atoms  relax  inwards  towards  the  subsurface  nitrogen  layer.  On 
the  nitrogen-terminated  surface,  the  nitrogen  vacancy  has  the  lowest  energy  while 
the  gallium- adatom  has  a  somewhat  higher  energy.  The  results  are  shown  in  Figs.  1 
and  2.  The  sum  of  the  surface  energies  of  the  Ga-  and  N-terminated  faces  is  an 
absolutely  defined  quantity. 
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NEGATIVE  ELECTRON  AFFINITY  AT  AIN  SURFACES 

The  electron  affinity  is  defined  as  the  difference  between  the  bottom  of  the 
conduction  band  and  the  vacuum  level.  Negative  electron  affinity  occurs  when  the 
conduction  band  bottom  is  below  the  vacuum  level.  It  has  potential  use  in  electron 
emitters,  cold  cathodes  and  other  optoelectronic  devices.  The  recent  experimental 
observation  of  negative  electron  affinity  at  AIN  surfaces  [5]  provides  the  motivation 
to  study  the  electron  affinity  at  AIN  surfaces. 

The  value  of  the  electron  affinity  is  modified  by  the  surface  dipole  moment  and 
the  space  charge  due  to  the  occupation  of  surface  states  by  free  carriers  from  the 
bulk.  The  presence  of  free  carriers  leads  to  band  bending  near  the  surface;  however, 
this  effect  is  significant  only  in  doped  materials  and  need  not  be  considered  at 
present.  Rather  it  is  the  effect  of  chemisorption  and  surface  reconstructions  on  the 
the  surface  dipole  that  constitutes  our  present  interest. 

The  electron  affinity  of  a  semiconductor  is  defined  as 

X  =  D-{Ec-V^i,)  (6) 

where  D,  the  surface  dipole  strength,  determines  the  relative  positions  of  the  bulk 
electron  states  and  the  vacuum  level  [24],  while  {Ec  —  Vbuik)  is  the  position  of  the 
conduction  band  minimum  relative  to  the  bulk-averaged  electrostatic  potential.  The 
latter  is  purely  a  bulk  property  and  can  be  obtained  in  a  calculation  of  the  AIN 
bulk.  It  is  well-known  that  the  local  density  functional  theory  consistently  underes¬ 
timates  the  size  of  semiconductor  band-gaps.  For  this  reason,  the  conduction-band 
minimum  was  rigidly  shifted  to  the  experimental  value  of  6.2  eV  using  the  so-called 
scissors  operator.  The  surface  dipole  strength  was  obtained  from  the  difference  of 
the  electrostatic  potential  across  the  surface. 

The  1x1  (0001)  Al-  and  N-terminated  surfaces  (with  neither  adatoms  nor  va¬ 
cancies)  were  studied.  Both  surfaces  exhibit  some  inward  relaxation,  while  the 
geometries  in  the  surface  plane  did  not  significantly  change.  The  electron  affini¬ 
ties  are  0.85  eV  and  0.30  eV  for  the  Al-  and  N-terminated  surfaces,  respectively. 
These  1x1  structures  are  expected  to  have  higher  surface  energies  than  the  2x2  re¬ 
constructed  structures.  As  the  2x2  vacancy  reconstructions  were  among  the  lower 
energy  2x2  reconstructions  of  (0001)  GaN,  the  2x2  vacancy  reconstructions  of  the 
(0001)  surfaces  of  AIN  were  next  investigated.  With  one-quarter  of  a  monolayer  of 
the  Al  surface  atoms  removed,  the  surface  can  accomodate  a  much  larger  inward 
relaxation  than  the  1x1  structure.  In  this  case,  the  electron  affinity  is  —0.70  eV. 
For  the  same  reconstruction  on  the  N-terminated  face,  the  electron  affinity  is  1.40 
eV.  The  effect  of  hydrogen  chemisorption  on  the  electron  affinity  of  the  1x1  (0001) 
Al-  and  N-terminated  surfaces  was  also  examined.  Hydrogen  adsorption  reduced 
the  electron  affinity  of  the  N-terminated  surface  to  0.05  eV;  however,  the  electron 
affinity  of  Al-terminated  surface  increased  to  1.60  eV. 

The  changes  in  the  electron  affinity  refiect  modification  of  the  net  surface  dipole. 
During  chemisorption,  the  adsorbates  saturate  the  dangling  bonds  of  the  surface 
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atoms  resulting  in  charge  transfer  between  the  adsorbates  and  surface  atoms.  This 
transfer  manifests  itself  as  an  additional  dipole  field,  the  strength  and  direction  of 
which  determines  the  change  of  the  electron  affinity.  The  diamond  (111)  surface 
provides  another  example  of  this  effect.  The  bare  surface  has  a  positive  electron 
affinity;  however  it  has  a  negative  electron  affinity  when  it  has  been  passivated  by 
hydrogen.  Since  carbon  is  more  electronegative  than  hydrogen,  charge  tranfers  from 
the  hydrogen  adatom  to  the  surface  carbon  atom.  This  induces  an  additional  dipole 
which  points  outwards  and  reduces  the  electron  affinity  to  a  negative  value  [25].  As 
nitrogen  is  more  electronegative  than  hydrogen,  this  also  occurs  when  hydrogen  is 
chemisorbed  on  the  N-terminated  AIN  surface.  In  contrast,  aluminium  has  a  smaller 
electronegativity  than  hydrogen  and  consequently  we  expect  the  opposite  to  occur 
when  hydrogen  adatoms  are  chemisorbed  on  the  Al-terminated  surface.  This  is 
indeed  the  case.  The  electronegativity  difference  between  the  surface  species  and 
the  adsorbed  species  provides  insight  into  manner  in  which  the  adatoms  modify  the 
surface  charge  density  and  hence  the  electron  affinity.  Of  course,  bonding  properties 
will  be  affected  by  the  detailed  nature  of  the  surface,  but  nonetheless  strongly 
electropositive  elements,  such  as  Li  and  Be,  may  result  in  negative  electron  affinity 
when  adsorbed  on  the  surface. 

INTERFACES  OF  WIDE-GAP  NITRIDES 

Because  of  the  lattice-mismatch  between  AIN  and  GaN  (2.5%)  and  between 
InN  and  AIN  (12.1%),  superlattices  of  these  materials  will  be  strained.  We  have 
studied  the  energetics  of  two  different  interfaces,  namely  the  strained  GaN/ AIN 
(with  AIN  in-plane  lattice  constant)  and  the  strained  AIN / GaN  (with  GaN  in-plane 
lattice  constant).  The  elastic  energy  for  these  interfaces,  which  is  the  difference  of 
the  strained  and  unstrained  energy  per  pair,  is  46  meV/pair  for  the  GaN/ AIN 
interface,  while  it  is  63  meV/pair  for  AlN/GaN.  The  interface  energy,  defined  as 
the  excess  or  deficit  energy  due  to  the  presence  of  the  interface,  is  extremely  small, 
namely  ~  1  meV/atom,  which  is  of  the  order  of  the  precision  of  the  calculations. 
Thus  the  interfaces  show  similar  bonding  characteristics.  These  results  suggest 
that  the  critical  thickness  for  pseudomorphic  AIN /GaN  is  significantly  smaller  than 
for  GaN/ AIN,  in  agreement  with  the  observation  that  epitaxially  grown  GaN/ AIN 
results  in  higher  quality  samples  [26]. 

The  band  offsets  of  the  strained  heteroj unctions  have  also  been  studied.  Follow¬ 
ing  the  conclusions  of  the  previous  paragraph,  AIN  is  taken  to  be  the  substrate  in 
all  of  the  cases  presented  below.  The  valence-band  offsets  are  -0.70  eV  for  GaN/ AIN 
and  -0.44  eV  for  AlN/GaN  (001)  strained  interfaces,  indicating  that  the  effect  of 
strain  on  the  value  of  the  valence-band  offset  is  significant.  The  interfaces  are  all  of 
type  I  and  there  are  no  interface  states  in  the  gap.  We  then  investigated  the  band 
offsets  of  the  (001)  GaN/AlN,  InN/AlN  and  InN/GaN  strained  heteroj  unctions. 
The  band  offsets  are  shown  in  Fig.  3.  In  determining  the  conduction-band  offsets, 
the  conduction  band  minima  were  shifted  to  their  experimental  values  using  the 
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Figure  3:  Calculated  band  offsets  for  the  three  interfaces  described  in  the  text  (an 
AIN  substrate  is  assumed).  The  lattice  mismatch  shown  is  with  respect  to  AIN. 

so-called  scissors  operator.  Each  of  the  interfaces  is  of  type  I  and  the  transitivity 
rule  is  satisfied.  Further,  states  at  the  top  of  the  valence  band  are  mostly  confined 
to  the  epilayer  with  the  smaller  gap  and  there  are  no  interfaces  states  in  the  gap  of 
the  superlattice. 

The  possible  sources  of  systematic  error  of  the  calculation  of  the  band  offsets  in¬ 
clude  the  neglect  of  the  anion  p-  and  cation  d-state  repulsion  [27]  and  the  well-known 
neglect  of  many-body  effects  in  the  local  density  approximation.  In  GaN/AlN  in¬ 
terfaces,  the  inclusion  of  the  3d-electrons  as  valence  electrons  results  in  a  constant 
shift  of  0.2  eV  which  is  less  than  the  experimental  error  [28]  and  does  not  change 
the  character  of  the  interface.  Incorporating  this  shift  gives  results  in  agreement 
with  previous  estimates  using  a  d-valence  pseudopotential  [29]  and  an  all-electron 
calculation  [30].  The  importance  of  many-body  effects  on  the  band  offsets  is  not 
known  and  awaits  a  future  GW  calculation. 

We  also  studied  an  alloy  interface  based  upon  the  nitride-based  multi-quantum- 
well  structure  that  Nakumura  et  al.  [3]  used  to  demonstate  stimulated  emission  in 
the  blue  region  of  the  spectrum.  The  bulk  properties  of  the  two  zinc-blende  alloys 
comprising  the  epilayers  of  the  multi-quantum- well,  calculated  using  the  virtual 
crystal  approximation,  are  shown  in  Table  2.  In  the  virtual  crystal  approximation, 
the  pseudopotentials  of  the  constituent  species  are  averaged  by  their  fractional  com¬ 
position  [31].  Vegard’s  rule  is  seen  to  be  satisfied. 

I  0.62  eV 

Figure  4:  Calculated  band  offsets  for  the  zinc-blende  (001)  Alo.2Gao.8N/Ino.1Gao.9N 
interface  described  in  the  text  assuming  an  AIN  substrate. 
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Table  2:  Calculated  bulk  properties  of  zinc-blende  Alo.2Gao.8N  and  Ino.1Gao.9N  semi¬ 
conductors  within  the  virtual  crystal  approximation.  The  values  of  the  gap  at  the 
F-point  (Er)  and  of  the  valence-band  width  (AEybw)  are  the  LDA  results.  The  AIN 
in-plane  lattice  constant  is  used  (the  mismatch  is  with  respect  to  the  AIN  lattice 
constant) .  ~ _ 


Alo.aGao.gN 

Ino.1Gao.9N 

Oo  (A) 

4.51 

4.61 

Bq  (MBar) 

1.67 

1.78 

Er  (eV) 

2.56 

1.68 

AEyby,  (eV) 

15.10 

15.31 

Cii  (10^^  dyne/cm^) 

23.46 

20.75 

C12  (10^^  dyne/cm^) 

10.88 

12.02 

Vegard’s  Rule  (A) 

4.49 

4.57 

Lattice  Mismatch 

3.1 

5.2 

The  zinc-blende  (001)  interface  of  these  alloys  was  investigated.  Strain  effects 
were  explicitly  included  using  macroscopic  elasticity  theory  (using  the  theoretically 
determined  elastic  constants  shown  in  Table  2)  and  a  total  energy  minimization. 
The  values  for  scissors  corrections  of  the  band  gap  of  the  alloys  were  estimated  using 
a  Vegard-type  rule,  namely  the  gap  of  the  alloy  was  taken  to  be  the  average  of  the 
band  gap  of  the  pure  phase  weighted  by  its  fractional  composition.  The  band  offsets 
are  shown  in  Fig.  4.  The  interface  is  of  type  I  and  there  are  no  interface  states  in 
the  gap. 
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ABSTRACT 

The  results  of  extensive  theoretical  studies  of  group  IV  impurities  and  surface  and 
interface  properties  of  nitrides  are  presented  and  compared  with  available  experimental 
data.  Among  the  impurities,  we  have  considered  substitutional  C,  Si,  and  Ge.  Cn  is  a  very 
shallow  acceptor,  and  thus  a  promising  p-type  dopant.  Both  Si  and  Ge  are  excellent  donors 
in  GaN.  However,  in  AlGaN  alloys  the  DX  configurations  are  stable  for  a  sufficiently  high 
A1  content,  which  quenches  the  doping  efficiency.  At  high  concentrations,  it  is  energetically 
favorable  for  group  IV  impurities  to  form  nearest-neighbor  Xcation-^N  pairs.  Turning  to 
surfaces,  AIN  is  known  to  exhibit  NEA.  We  find  that  the  NEA  property  depends  sensitively 
on  surface  reconstruction  and  termination.  At  interfaces,  the  strain  effects  on  the  band 
offsets  range  from  20%  to  40%,  depending  on  the  substrate.  The  AlN/GaN/InN  interfaces 
are  all  of  t3rpe  I,  while  the  Alo.5Gao.5N/AlN  zinc-blende  (001)  interface  may  be  of  type 
IL  Further,  the  calculated  bulk  polarizations  in  wurtzite  AIN  and  GaN  are  -1.2  and  -0.45 
fiC/cm^,  respectively,  and  the  interface  contribution  to  the  polarization  in  the  GaN/AlN 
wurtzite  multi-quantum- well  is  small. 

INTRODUCTION  AND  SUMMARY 

Current  interest  in  wide  band-gap  nitrides  is  due  to  possible  applications  in  blue/UV 
light-emitting  diodes  and  lasers,  and  in  high-temperature  electronics  [1,  2].  The  recent 
demonstration  of  stimulated  emission  in  the  blue  region  has  served  to  further  increase 
awareness  of  the  potential  of  nitride-based  devices  [3]  and  elicited  the  interest  of  a  number 
of  theoretical  groups  [4]. 

In  this  paper  we  describe  several  of  our  recent  results  [5,  6,  7,  8,  9,  10]  concerning  sub¬ 
stitutional  group-IV  impurities  in  wurtzite  GaN  and  AIN,  electron  affinity  of  AIN  surfaces 
in  the  wurtzite  structure,  and  the  zinc-blende  (001)  interfaces  of  AlN/GaN/InN. 

The  group  IV  impurities  are  potentially  important  dopants  (e.^..  Si  is  frequently  used  as 
a  n-type  dopant  of  epitaxial  GaN).  Both  C  and  Si  may  also  be  unintentionally  incorporated 
as  contaminants  during  growth.  In  general,  a  group-IV  atom  is  likely  to  become  a  donor 
when  incorporated  on  the  cation  site,  and  an  acceptor  on  the  anion  site.  This  possibility  of 
the  amphoteric  behavior  critically  depends  on  the  conditions  of  growth.  We  have  recently 
shown  [7]  that  C  is  preferentially  incorporated  on  the  N  site  under  Ga-rich  conditions  of 
growth,  while  both  Si  and  Ge  occupy  cation  sites  under  N-rich  conditions.  However,  at 
high  concentrations  self-compensation,  i.e.,  a  simultaneous  incorporation  of  the  dopant 
on  both  cation  and  anion  sublattice,  is  expected,  which  would  limit  the  doping  efficiency. 
We  therefore  also  discuss  the  electronic  structure  of  Xcation,  Xat,  and  Xcation-Xt/  nearest- 
neighbor  pairs.  We  further  consider  a  possible  transition  of  Xcation  from  the  substitutional 
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to  the  DX-like  configuration.  Such  a  transition  is  commonly  accompanied  by  a  capture  of 
electron  on  a  stable  (or  metastable)  state,  which  quenches  the  doping  efficiency.  Some  of 
the  results  for  C  were  published  in  [6]. 

Motivated  by  the  experimental  discovery  of  negative  electron  affinity  at  AIN  surfaces 
[11],  we  have  investigated  the  electron  affinity  [8].  We  find  that  the  2x2  aluminium- vacancy 
reconstruction  on  the  aluminium-terminated  face  has  a  negative  electron  affinity  and  that 
the  1x1  hydrogen-passivated  nitrogen-terminated  surface  has  a  very  small  electron  affinity. 
The  electronegativity  difference  between  the  adatom  and  the  atomic  species  comprising  the 
surface  is  found  to  be  a  guide  for  anticipating  the  presence  of  NEA.  In  particular,  NEA 
may  occur  when  the  adatom  is  much  more  electropositive  than  the  surface  atoms. 

We  have  also  investigated  the  zinc-blende  (001)  interfaces  of  AlN/GaN/InN  [9].  The 
elastic  energy  of  GaN  grown  on  AIN  is  lower  than  AIN  grown  on  GaN,  indicating  that 
the  quality  of  pseudomorphic  growth  should  be  higher  when  AIN  is  used  as  the  substrate. 
Further,  the  effects  of  strain  on  the  valence-band  offset  are  significant,  as  is  illustrated  by 
the  calculated  values  of  the  valence-band  offset  for  AlN/GaN  (-0.58  eV)  and  GaN/ AIN 
(-0.70  eV).  The  band  offsets  of  AlN/GaN/InN  were  computed  using  the  AIN  in-plane 
lattice  constant  and  including  strain  effects.  They  are  all  of  type  I  and  the  transitivity 
rule  is  satisfied.  No  interface  states  were  found  in  the  gap.  The  'Alo.2Gao.8N/Ino.iGao.9N 
interface  was  studied  using  the  virtual  crystal  approximation.  It  is  of  type  I  and  there  are 
no  interface  states  in  the  gap. 

CALCULATIONS 

The  calculations  were  performed  using  either  quantum  molecular  dynamics  [12],  or 
standard  plane  wave  codes.  Technical  details  for  the  defect  and  impurity  calculations  were 
given  in  [5].  Soft  pseudopotentials  for  N  and  C  were  used  [13],  while  the  pseudopotential 
of  Ge  was  generated  according  to  Ref.  [14]. 

The  calculations  of  the  electron  affinity  used  F-point  sampling  and  a  plane- wave  energy 
cut-off  of  30  Ry.  Norm-conserving  pseudopotentials  [15,  16,  17]  were  used  for  aluminium 
(p-local),  while  for  nitrogen  a  soft-core  p-local  pseudopotential  was  used  [18]. 

The  plane- wave  energy  cut-off  for  the  interface  calculations  was  50  Ry.  The  equivalent 
of  10  k-points  for  bulk  and  superlattice  calculations  in  the  zinc-blende  structure  [19]  were 
chosen  while  6-kpts  were  used  for  calculations  in  the  wurtzite  structure.  For  all  species, 
d-local  norm-conserving  pseudopotentials  [15,  16,  17]  were  used.  Further,  the  nonlinear 
core  correction  was  included  for  the  cation  species  [20].  The  calculated  bulk  properties 
of  the  zinc-blende  nitrides  obtained  using  these  pseudopotentials  are  shown  in  Table  1. 
The  agreement  with  experiment  is  excellent.  For  interface  calculations,  we  studied  4-1-4 
superlattices  (16  atoms  in  the  supercell)  along  (001). 

GROUP  IV  IMPURITIES 

We  first  briefly  discuss  conflgurations  of  substitutional  impurities  and  strain  effects. 
A  substitutional  impurity  in  a  wurtzite  crystal  has  four  nearest  neighbors.  One  of  them, 
located  along  the  c-axis  relative  to  the  impurity  (called  here  type-1  neighbor),  is  non¬ 
equivalent  to  the  remaining  three  neighbors  (called  here  type- 2  neighbors).  For  the  group- 
IV  atoms  considered  here,  this  non-equivalence  is  small,  since  the  bond  lengths  with  type-1 
and  type-2  neighbors  are  equal  to  within  1  per  cent.  In  all  cases,  we  find  that  breathing 
mode  distortions  preserve  the  local  hexagonal  symmetry.  The  calculated  changes  in  bond 
lengths  are  given  in  Table  2,  together  with  the  energy  gain  Erei  due  to  the  relaxation 
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Table  1:  Calculated  bulk  properties  of  zinc-blende  nitride  semiconductors.  The  values  of 
the  gap  at  the  F-point  {Er)  and  of  the  valence-band  width  (AEybw)  are  the  LDA  results. 
Experimental  values  are  in  brackets  and  follow  Ref.  [25]. 


AIN 

GaN 

InN 

Co  (A) 

4.37  (4.38) 

4.52  (4.5) 

5.01  (4.98) 

Bo  (MBar) 

2.02  (2.02) 

1.70  (1.90) 

1.58  (1.37) 

Er  (eV) 

4.09 

2.24  (3.45) 

0.16 

AEjjlnu  (^V) 

14.86 

15.48 

14.01 

Cii  (10^^  dyne/cm^) 

24.85 

23.74 

20.24 

Ci2  (10^^  dyne/cm^) 

13.37 

11.23 

12.96 

from  the  ideal  substitutional  configuration  to  the  final  one.  As  follows  from  Table  2,  the 
inclusion  of  relaxation  effects  is  necessary  for  a  proper  description  of  Ccation,  Si//,  and  Ge^, 
due  to  the  large  differences  between  the  atomic  radii  of  the  impurity  and  host  atoms.  The 
calculated  AEre/  are  systematically  greater  for  AIN  than  for  GaN,  reflecting  the  higher 
stiffness  of  AIN. 

As  follows  from  Table  2,  C,  Si,  and  Ge  occupying  the  cation  site  in  both  GaN  and  AIN 
are  effective-mass  donors.  The  only  exception  is  Cai  in  AIN,  where  the  C-induced  level  is 
at  about  0.4  eV  below  the  bottom  of  the  conduction  band.  In  GaN,  because  of  its  lower 
band  gap,  the  C-derived  level  is  a  resonance  situated  at  0.9  eV  above  the  bottom  of  the 
conduction  band. 

In  addition  to  the  substitutional  configuration  of  Xcation  donors,  we  have  investigated 
the  stability  of  the  DX-like  configuration  [21].  In  this  configuration  one  bond  between  the 
impurity  and  its  first  neighbor  is  broken,  and  one  of  these  atoms  (or  both)  are  shifted  to 
an  interstitial  site.  We  have  analyzed  only  one  possible  DX  state,  namely  that  with  the 
broken  bond  between  the  impurity  and  the  type-1  neighbor;  the  configuration  with  the 
broken  bond  to  the  type-2  N  atom  should  have  very  similar  properties. 

We  first  consider  GaN.  We  find  that  C^a  is  metastable  not  only  in  the  negative  but  also 
in  the  neutral  charge  state.  The  energy  of  Cq^  is  higher  than  that  of  the  substitutional 
Cca  by  0.54  and  0.35  eV  for  the  neutral  and  the  negative  charge  state,  respectively.  In 
the  DX  state  both  the  host  N  atom  and  the  impurity  are  significantly  displaced  along  the 
c-axis  (see  Ref.  [6]  for  details).  In  contrast.  Si  is  unstable  in  the  DX  state,  since  there  is 
no  energy  barrier  for  the  transition  from  the  initial  DX  configuration  to  the  substitutional 
one.  This  holds  for  both  the  neutral  and  the  negatively  charged  Si.  Finally,  a  DX  state  is 
metastable  for  the  negatively  charged  Ge,  and  its  energy  is  higher  by  0.3  eV  than  that  of 
Ge^jj.  Unlike  for  Ge  atom  is  located  at  the  lattice  site,  and  the  nearest-neighbor  N 
atom  is  displaced  along  the  c-axis.  The  Ge-N  distance  is  2.61  A,  to  be  compared  with  1.93 
A  for  the  substitutional  configuration.  GeGa(-)  introduces  a  singlet  at  about  0.4  eV  below 
the  bottom  of  the  conduction  band.  For  the  neutral  charge  state,  the  DX  configuration  is 
unstable. 

Turning  to  AIN,  we  find  that  in  the  negative  charge  state  C*ai  is  more  stable  than  C^i 
by  0.2  eV.  In  the  neutral  charge  state  C*ai  is  metastable,  as  its  energy  is  higher  by  0.48 
eV  than  that  of  the  ground  state.  Unlike  in  GaN,  the  DX  configurations  are  stable  for 
both  Si  and  Ge  in  the  negative  charge  state.  Their  energies  are  lower  by  0.15  and  1.2  eV 
than  those  of  the  respective  substitutional  cases.  In  both  cases  the  impurity  remains  on 
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Table  2:  Effects  of  atomic  relaxations  around  impurities:  Ab  is  the  change  of  the  bond 
length,  AErei  is  the  relaxation  energy,  Eimp  is  the  position  of  the  impurity  level,  with  e.m. 
denoting  the  effective-mass  state,  and  AEj^p  is  the  relaxation-induced  shift  of  the  impurity 
level. 


Ab  {%) 

AErei  (eV) 

Eimp 

AEi,„p  (eV) 

GaN 

C:Ga 

-18.1 

1.65 

e.m. 

- 

Si:Ga 

-  5.6 

0.65  . 

e.m. 

- 

Ge:Ga 

-  1.4 

0.25 

e.m. 

- 

C:N 

-2.0 

0.1 

Ei,+0.2 

- 

Si:N 

13.6 

3.9 

E,,-f-1.2 

0.8 

Ge:N 

13.5 

4.1 

E„+1.35 

0.8 

AIN 


C:A1 

-17.2 

2.6 

Ec-0.4 

1.2 

Si:Al 

-  7.0 

0.7 

e.m. 

-- 

Ge:Al 

-  2.9 

0.3 

e.m. 

C:N 

2.0 

0.4 

Eu+0.4 

0.1 

Si:N 

16.5 

6.75 

E^+1.7 

1.0 

Ge:N 

16.7 

6.95 

E^+1.75 

1.05 

the  substitutional  site,  and  the  N  atom  is  strongly  displaced.  For  Si;^^  the  distance  to  the 
N  atom  is  2.95  A  compared  to  1.78  A  for  Siai,  and  for  Ge  the  respective  values  are  2.83 
and  1.86  A.  Si^A“)  introduces  a  level  at  -1.5  eV  below  the  bottom  of  the  conduction  band. 
For  Ge,  the  gap  state  is  even  deeper,  at  -2.0  eV  below  the  bottom  of  the  conduction  band. 
Finally,  the  DX  configurations  are  unstable  for  both  Si  and  Ge  in  the  neutral  charge  state. 

The  different  DX  configurations  found  for  C,  as  opposed  to  Si  and  Ge,  are  in  part  due 
to  atomic  size  effects.  For  example,  when  C  substitutes  for  the  much  bigger  Ga  atom, 
the  C-N  bonds  are  highly  stretched,  because  they  are  shorter  than  the  equilibrium  Ga-N 
bonds  by  about  15  %.  In  the  DX  state  one  C-N  bond  is  broken,  and  C  is  free  to  relax  and 
to  shorten  the  three  remaining  C-N  bonds.  Consequently,  the  C^a-N  bonds  are  shorter 
by  about  7  %  than  Cgo-N  bonds  in  the  substitutional  case.  At  equilibrium,  C*  forms  a 
nearly  planar  configuration  with  the  type-2  neighbors.  Such  a  geometry  is  additionally 
stabilized  by  the  tendency  of  C  to  form  planar  sp^  bonds.  Both  factors  may  contribute 
to  the  stabilization  of  Cg^  neutral  charge  state.  In  contrast,  these  factors  are  not 

operative  for  Si  and  Ge  impurities,  which  remain  on  the  substitutional  site. 

The  predicted  stability  of  DX“  states  for  C,  Si,  and  Ge  in  AIN  implies  that  the  reaction 
2cf  d'^  +  DX~  is  exothermic,  and  the  electrons  are  captured  by  the  deep  DX-derived 
levels.  Consequently,  the  doping  efficiency  is  quenched.  In  Ali-iGa^N  alloys  the  doping 
efficiency  with  C,  Si,  and  Ge  should  thus  strongly  depend  on  the  alloy  composition.  These 
dopants  should  be  efficient  donors  up  to  a  crossover  composition  given  by  the  stability  of 
the  DX  state. 

We  will  now  consider  the  acceptors  X^^^ .  In  zinc-blende  crystals,  acceptor  levels  of  group- 
IV  atoms  are  three-fold  degenerate.  Due  to  the  wurtzite  symmetry  of  GaN  and  AIN,  the 
triplets  are  split  into  doublets  and  singlets  by  the  energy  Espiu-  In  all  cases  considered 
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here,  the  energies  of  doublets  (given  in  Table  2),  E^,  are  higher  than  those  of  singlets,  E5. 
Both  the  acceptor  energies  and  the  splittings  strongly  depend  on  the  impurity.  We  find 
that  C  is  a  shallow  acceptor  with  E£)=0.2  eV  in  GaN,  which  is  in  an  excellent  agreement 
with  the  recent  experimental  data  [22].  Thus,  C  is  a  promising  p-type  dopant,  since  it  is 
a  shallower  acceptor  than  the  commonly  used  Mg  [2].  In  AIN,  C  is  deeper  (E£)=0.4  eV) 
and  more  localized.  The  doublet-singlet  splitting  Espiu  is  about  0.2  eV  in  both  materials. 
In  contrast,  both  Si  and  Ge  are  deep  acceptors.  For  GaN:Si  Ed=\.2  eV  and  Espiit=0.6 
eV,  and  for  GaN:Ge  Ex)=1.35  eV  and  E4p/j(=0.6  eV.  In  AIN  the  binding  energies  and  the 
splittings  are  even  higher,  and  we  find  E£)=1.7  (1.75)  eV  and  Espiit=0.7  (0.7)  eV  for  Sijv 
and  Gejv,  respectively). 

Finally,  we  turn  to  the  electronic  structure  of  the  nearest-neighbor  pairs. 

Compared  to  the  case  of  distant  Xcation  and  X^r  impurities,  the  main  modification  is  a 
substantial  increase  of  the  doublet-singlet  splittings.  In  the  case  of  GaN,  Espm  rises  from 
0.6  to  1.0  eV  for  Si-Si  pairs,  and  from  0.6  to  1.05  eV  for  Ge-Ge  pairs.  For  AIN,  the  increase 
is  from  0.7  to  1.4  eV  for  Si-Si  pairs,  and  from  0.7  to  1.35  eV  for  Ge-Ge  pairs.  This  effect 
is  due  to  the  close  proximity  of  the  Xcation  donor,  located  along  the  c-axis,  relative  to  the 
acceptor  X^. 

NEGATIVE  ELECTRON  AFFINITY  AT  AIN  SURFACES 

The  electron  affinity  is  defined  as  the  difference  between  the  bottom  of  the  conduction 
band  and  the  vacuum  level.  Negative  electron  affinity  occurs  when  the  conduction  band 
bottom  is  below  the  vacuum  level.  It  has  potential  use  in  electron  emitters,  cold  cathodes 
and  other  optoelectronic  devices.  The  recent  experimental  observation  of  negative  electron 
affinity  at  AIN  surfaces  [11]  provides  the  motivation  to  study  the  electron  affinity  at  AIN 
surfaces. 

The  value  of  the  electron  affinity  is  modified  by  the  surface  dipole  moment  and  the  space 
charge  due  to  the  occupation  of  surface  states  by  free  carriers  from  the  bulk.  The  presence 
of  free  carriers  leads  to  band  bending  near  the  surface;  however,  this  effect  is  significant 
only  in  doped  materials  and  need  not  be  considered  at  present.  Rather,  it  is  the  effect  of 
chemisorption  and  surface  reconstructions  on  the  the  surface  dipole  that  constitutes  our 
present  interest. 

The  electron  affinity  of  a  semiconductor  is  defined  as 


X  =  D-{Ec-VMk)  (1) 

where  D,  the  surface  dipole  strength,  determines  the  relative  positions  of  the  bulk  electron 
states  and  the  vacuum  level  [28],  while  {Ec  —  Vbuik)  is  the  position  of  the  conduction  band 
minimum  relative  to  the  bulk-averaged  electrostatic  potential.  The  latter  is  purely  a  bulk 
property  and  can  be  obtained  in  a  calculation  of  the  AIN  bulk.  It  is  well-known  that 
the  local  density  functional  theory  consistently  underestimates  the  size  of  semiconductor 
band-gaps.  For  this  reason,  the  conduction-band  minimum  was  rigidly  shifted  to  the 
experimental  value  of  6.2  eV  using  the  so-called  scissors  operator.  The  surface  dipole 
strength  was  obtained  from  the  difference  of  the  electrostatic  potential  across  the  surface. 

The  1x1  (0001)  Al-  and  N-terminated  surfaces  (with  neither  adatoms  nor  vacancies) 
were  studied.  Both  surfaces  exhibit  some  inward  relaxation,  while  the  geometries  in  the 
surface  plane  did  not  significantly  change.  The  electron  affinities  are  0.85  eV  and  0.30  eV 
for  the  Al-  and  N-terminated  surfaces,  respectively.  These  1x1  structures  are  expected  to 
have  higher  surface  energies  than  the  2x2  reconstructed  structures.  As  the  2x2  vacancy 
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reconstructions  were  among  the  lower  energy  2x2  reconstructions  of  (0001)  GaN,  the  2x2 
vacancy  reconstructions  of  the  (0001)  surfaces  of  AIN  were  next  investigated.  With  one- 
quarter  of  a  monolayer  of  the  A1  surface  atoms  removed,  the  surface  can  accomodate  a  much 
larger  inward  relaxation  than  the  1x1  structure.  In  this  case,  the  electron  affinity  is  —0.70 
eV.  For  the  same  reconstruction  on  the  N-terminated  face,  the  electron  affinity  is  1.40  eV. 
The  effect  of  hydrogen  chemisorption  on  the  electron  affinity  of  the  1x1  (0001)  Al-  and  N- 
terminated  surfaces  was  also  examined.  Hydrogen  adsorption  reduced  the  electron  affinity 
of  the  N-terminated  surface  to  0.05  eV;  however,  the  electron  affinity  of  Al-terminated 
surface  increased  to  1.60  eV. 

The  changes  in  the  electron  affinity  reflect  modification  of  the  net  surface  dipole.  During 
chemisorption,  the  adsorbates  saturate  the  dangling  bonds  of  the  surface  atoms  resulting  in 
charge  transfer  between  the  adsorbates  and  surface  atoms.  This  transfer  manifests  itself  as 
an  additional  dipole  field,  the  strength  and  direction  of  which  determines  the  change  of  the 
electron  affinity.  The  diamond  (111)  surface  provides  another  example  of  this  effect.  The 
bare  surface  has  a  positive  electron  affinity;  however,  it  has  a  negative  electron  affinity  when 
it  has  been  passivated  by  hydrogen.  Since  carbon  is  more  electronegative  than  hydrogen, 
charge  tranfers  from  the  hydrogen  adatom  to  the  surface  carbon  atom.  This  induces  an 
additional  dipole  which  points  outwards  and  reduces  the  electron  affinity  to  a  negative 
value  [29].  As  nitrogen  is  more  electronegative  than  hydrogen,  this  also  occurs  when 
hydrogen  is  chemisorbed  on  the  N-terminated  AIN  surface.  In  contrast,  aluminium  has  a 
smaller  electronegativity  than  hydrogen  and  consequently  we  expect  the  opposite  to  occur 
when  hydrogen  adatoms  are  chemisorbed  on  the  Al-terminated  surface.  This  is  indeed  the 
case.  The  electronegativity  difference  between  the  surface  species  and  the  adsorbed  species 
provides  insight  into  manner  in  which  the  adatoms  modify  the  surface  charge  density  and 
hence  the  electron  affinity.  Of  course,  bonding  properties  will  be  affected  by  the  detailed 
nature  of  the  surface,  but  nonetheless  strongly  electropositive  elements,  such  as  Li  and  Be, 
may  result  in  negative  electron  affinity  when  adsorbed  on  the  surface. 

INTERFACES  OF  WIDE-GAP  NITRIDES 

Because  of  the  lattice-mismatch  between  AIN  and  GaN  (2.5%)  and  between  InN  and 
AIN  (12.1%),  superlattices  of  these  materials  will  be  strained.  We  have  studied  the  ener¬ 
getics  of  two  different  interfaces,  namely  the  strained  GaN/ AIN  (with  AIN  in-plane  lattice 
constant)  and  the  strained  AlN/GaN  (with  GaN  in-plane  lattice  constant).  The  elastic 
energy  for  these  interfaces,  which  is  the  difference  of  the  strained  and  unstrained  energy 
per  pair,  is  46  meV/pair  for  the  GaN/ AIN  interface,  while  it  is  63  meV/pair  for  AlN/GaN. 
The  interface  energy,  defined  as  the  excess  or  deficit  energy  due  to  the  presence  of  the 
interface,  is  extremely  small,  namely  ~  1  meV/atom,  which  is  of  the  order  of  the  precision 
of  the  calculations.  Thus  the  interfaces  show  similar  bonding  characteristics.  These  results 
suggest  that  the  critical  thickness  for  pseudomorphic  AlN/GaN  is  significantly  smaller  than 
for  GaN/AlN,  in  agreement  with  the  observation  that  epitaxially  grown  GaN/ AIN  results 
in  higher  quality  samples  [30]. 

The  band  offsets  of  the  strained  heterojunctions  have  also  been  studied.  Following 
the  conclusions  of  the  previous  paragraph,  AIN  is  taken  to  be  the  substrate  in  all  of  the 
cases  presented  below.  The  valence-band  offsets  are  -0.70  eV  for  GaN/AlN  and  -0.44  eV 
for  AlN/GaN  (001)  strained  interfaces,  indicating  that  the  effect  of  strain  on  the  value 
of  the  valence-band  offset  is  significant.  The  interfaces  are  all  of  type  I  and  there  are  no 
interface  states  in  the  gap.  We  then  investigated  the  band  offsets  of  the  (001)  GaN/AlN, 
InN/AlN  and  InN/GaN  strained  heterojunctions.  The  band  offsets  are  shown  in  Fig.  1. 
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Figure  1:  Calculated  band  offsets  for  the  three  interfaces  described  in  the  text  (an  AIN 
substrate  is  assumed).  The  lattice  mismatch  shown  is  with  respect  to  AIN. 


Table  3:  Calculated  bulk  properties  of  zinc-blende  Alo.2Gao.8N  and  Ino.1Gao.9N  semiconduc¬ 
tors  within  the  virtual  crystal  approximation.  The  values  of  the  gap  at  the  T-point  (Er) 
and  of  the  valence-band  width  (AEyb^)  are  the  LDA  results.  The  AIN  in-plane  lattice 
constant  is  used  (the  mismatch  is  with  respect  to  the  AIN  lattice  constant) . 


A1o.2G^0.8N 

In0.lGa0.9N 

oo  (A) 

4.51 

4.61 

Bq  (MBar) 

1.67 

1.78 

Er  (eV) 

2.56 

1.68 

AEylfyJ  (eV) 

15.10 

15.31 

Cii  (10^^  dyne/cm^) 

23.46 

20.75 

C12  (10^^  dyne/cm^) 

10.88 

12.02 

Vegard’s  Rule  (A) 

4.49 

4.57 

Lattice  Mismatch 

3.1 

5.2 

In  determining  the  conduction-band  offsets,  the  conduction  band  minima  were  shifted  to 
their  experimental  values  using  the  so-called  scissors  operator.  Each  of  the  interfaces  is  of 
type  I  and  the  transitivity  rule  is  satisfied.  Further,  states  at  the  top  of  the  valence  band 
are  mostly  confined  to  the  epilayer  with  the  smaller  gap  and  there  are  no  interfaces  states 
in  the  gap  of  the  superlattice. 

The  possible  sources  of  systematic  error  of  the  calculation  of  the  band  offsets  include 
the  neglect  of  the  anion  p-  and  cation  d-state  repulsion  [31]  and  the  well-known  neglect 
of  many-body  effects  in  the  local  density  approximation.  In  GaN/AlN  interfaces,  the 
inclusion  of  the  3d-electrons  as  valence  electrons  results  in  a  constant  shift  of  0.2  eV  which 
is  less  than  the  experimental  error  [32]  and  does  not  change  the  character  of  the  interface. 
Incorporating  this  shift  gives  results  in  agreement  with  previous  estimates  using  a  d- valence 
pseudopotential  [33]  and  an  all-electron  calculation  [34].  The  importance  of  many-body 
effects  on  the  band  offsets  is  not  known  and  awaits  a  future  GW  calculation. 

We  also  studied  an  alloy  interface  based  upon  the  nitride-based  multi-quantum-well 
structure  that  Nakumura  et  al.  [3]  used  to  demonstate  stimulated  emission  in  the  blue 
region  of  the  spectrum.  The  bulk  properties  of  the  two  zinc-blende  alloys  comprising  the 
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epilayers  of  the  multi-quantum-well,  calculated  using  the  virtual  crystal  approximation, 
are  shown  in  Table  3.  In  the  virtual  crystal  approximation,  the  pseudopotentials  of  the 
constituent  species  are  averaged  by  their  fractional  composition  [35].  Vegard’s  rule  is  seen 
to  be  satisfied. 


0.62  eV 


I  n?<;pv 


Figure  2:  Calculated  band  offsets  for  the  zinc-blende  (001)  Alo.2Gao.8N/Ino.1Gao.9N  inter¬ 
face  described  in  the  text  assuming  an  AIN  substrate. 

The  zinc-blende  (001)  interface  of  these  alloys  was  investigated.  Strain  effects  were 
explicitly  included  using  macroscopic  elasticity  theory  (using  the  theoretically  determined 
elastic  constants  shown  in  Table  2)  and  a  total  energy  minimization.  The  values  for  scissors 
corrections  of  the  band  gap  of  the  alloys  were  estimated  using  a  Vegard-type  rule,  namely 
the  gap  of  the  alloy  was  taken  to  be  the  average  of  the  band  gap  of  the  pure  phase  weighted 
by  its  fractional  composition.  The  band  offsets  are  shown  in  Fig.  2.  The  interface  is  of 
type  I  and  there  are  no  interface  states  in  the  gap. 

Because  of  its  low  symmetry,  the  wurtzite  system  may  display  pyroelectric  and  piezo¬ 
electric  behavior  [36].  These  effects,  if  present,  will  manifest  themselves  macroscopically  in 
multi-quantum-wells  along  those  directions  that  do  not  have  a  perpendicular  mirror-plane 
[37,  38].  Thus,  for  instance,  macroscopic  fields  are  not  observed  in  the  strained  (001)  in¬ 
terfaces  in  zinc-blende  structure,  while  they  are  observed  in  strained  (111)  interfaces  [37]. 
Indeed,  a  polarization  will  be  induced  only  if  off-diagonal  components  of  the  strain  are 
present.  In  (0001)  strained  GaN/AlN,  we  observe  a  substantial  electric  field  as  has  been 
previously  noted  by  Satta  and  coworkers  [39].  In  order  to  distinguish  the  bulk  pyroelectric 
and  piezoelectric  contributions  to  this  field  from  that  induced  by  the  interface,  we  have 
calculated  the  spontaneous  bulk  polarization  of  unstrained  AIN  and  the  strain  induced 
polarization  for  the  GaN  epilayer  [40].  The  spontaneous  polarization  (P3)  of  AIN  and  GaN 
in  equilibrium  are  -1.227  )uC/cm^  and  -0.448  /iC/cm^  respectively;  the  polarization  of  the 
strained  GaN  is  -0.454  /iC/cm^.  These  values  are  comparable  to  the  computed  bulk  po¬ 
larization  in  BeO  [40].  The  effect  of  the  interface  dipole  is  small;  the  polarization  in  the 
GaN/AlN  multi-quantum- well  is  well  described  by  the  superposition  of  the  polarizations 
of  the  constituent  epilayers  of  the  multi-quantum-well.  The  estimated  contribution  of  the 
interface  dipole  (which  includes  the  response  of  one  epilayer  to  the  field  of  the  other)  is 
0.057  /iC/cm^,  which  is  of  opposite  sign  and  an  order  of  magnitude  smaller  than  the  bulk 
polarizations.  The  computed  value  of  the  polarization  in  the  superlattice  agrees  with  that 
estimated  from  experiment  by  Martin  et  al.  [32]. 

This  work  was  supported  in  part  by  grants  NSF  DMR  9408437,  ONR  N00014-92-J-1477, 
and  KBN  2-P03B-178-10. 
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XVII.  Strain  Effects  on  the  Interface  Properties  of  Nitride 
Semiconductors 
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Abstract 


An  ab  initio  study  of  nitride-based  heteroepitaxial  interfaces  that  explic¬ 
itly  treats  the  strain  due  to  lattice-mismatch  is  presented.  AIN  is  the  pre¬ 
ferred  substrate  and  strain  effects  on  the  band  offsets  range  from  20%  to  40%. 
The  AlN/GaN/InN  interfaces  are  all  of  type  I,  while  the  Alo.5Gao.5N/AlN 
zinc-blende  (001)  interface  may  be  of  type  II.  Further,  the  calculated  bulk  po¬ 
larizations  in  wurtzite  AIN  and  GaN  are  -1.2  and  -0.45  pC/cm^,  respectively, 
and  the  interface  contribution  to  the  polarization  in  the  GaN /AIN  wurtzite 

multi-quantum-well  is  small. 
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With  the  recent  demonstration  of  stimulated  emission  in  the  blue  region  of  the  spec¬ 
trum  from  a  nitride-based  multi-quantum-well  structure  [1],  interest  in  the  nitride- based 
semiconductors  has  burgeoned.  This  discovery  has  served  to  underscore  the  very  attractive 
properties  of  the  nitride-based  materials,  which  include  a  wide  band-gap  and  the  ability 
to  form  a  continuous  range  of  solutions  of  GaN,  AIN  and  InN,  materials  which  have  very 
different  band  gaps.  This  latter  property  makes  possible  the  engineering  of  band  gaps  which 
span  the  range  from  the  deep  ultra-violet  to  the  visible  [2]. 

Not  surprisingly  the  potential  technological  importance  of  these  materials  has  elicited 
the  interest  of  a  number  of  theoretical  groups  [3-7].  In  spite  of  this,  the  strained  interfaces 
of  these  lattice-mismatched  materials  have  not  been  studied.  We  find  that  strain  effects 
are  significant  and  AIN  lattice-matched  substrates  are  clearly  preferred  for  pseudomorphic 
heteroepitaxial  growth.  Further,  the  strain  induces  changes  of  20%  to  40%  in  the  value 
of  the  band  offset  and  these  changes  increase  with  decreasing  in-plane  lattice  parameter. 
The  AlN/GaN/InN  interfaces  are  all  of  type  I,  while  the  Alo.5Gao.5N/AlN  zinc-blende  (001) 
interface  is  found  to  be  of  type  II.  Finally,  we  studied  the  GaN/AlN  wurtzite  interface, 
where  qualitatively  new  features,  namely  pyro-  and  piezoelectric  effects,  appear  due  to  the 
low  symmetry  of  the  wurtzite  lattice. 

The  standard  ab  initio  plane-wave  pseudopotential  method  [8-10]  was  employed  in  the 
calculations.  The  energy  cut-off  for  the  plane-wave  expansion  was  50  Ry  to  ensure  conver¬ 
gence  of  the  nitrogen  pseudopotential.  We  used  the  equivalent  of  10  k-points  for  bulk  and 
superlattice  calculations  in  the  zinc-blende  structure  [11]  and  6  k-points  for  calculations  of 
the  wurtzite  structure  [12].  Convergence  both  in  the  size  of  the  plane- wave  basis  and  in  the 
number  of  special  points  has  been  carefully  checked.  The  Perdew-Zunger  parametrization 
[13]  of  the  Ceperley-Alder  form  [14]  of  the  exchange-correlation  energy  was  used.  For  in¬ 
terface  calculations,  we  employed  4-1-4  superlattices  (16  atoms)  along  the  (001)  and  (0001) 
directions.  The  non-local,  norm-conserving  pseudopotentials  [15-17]  were  included  using 
the  Kleinman-Bylander  approach  [18].  For  nitrogen,  we  used  a  neutral  configuration  as  the 
atomic  reference  for  all  states. 
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In  pseudopotentials  where  d-electrons  are  treated  as  core  electrons,  experience  with  II- VI 
semiconductors  [19]  has  shown  that  the  inclusion  of  the  nonlinear  core  correction  [20]  results 
in  a  substantial  improvement  of  the  bulk  properties.  As  an  early  work  demonstrated  [5],  the 
reference  atomic  state  plays  a  critical  role  in  the  generation  of  the  pseudopotential.  In  order 
that  the  pseudopotential  be  consistently  descreened,  it  is  necessary,  when  using  the  nonlin¬ 
ear  core  correction,  that  the  reference  atomic  state  be  the  same  for  all  angular-momentum 
channels.  This  is  in  contrast  with  standard  Bachelet,  Hamann  and  Schliiter  prescription 
[15]  in  which  the  atomic  ground  state  is  used  as  a  reference  for  each  angular-momentum 
channel  present  in  the  ground  state,  while,  to  improve  transferability,  an  appropriately  ion¬ 
ized,  excited-atom  configuration  is  used  as  the  reference  state  for  the  angular-momentum 
channels  present  only  in  the  excited  states.  Dal  Corso  et  al.  [21]  have  dealt  with  the  in¬ 
consistency  between  the  restriction  imposed  by  the  use  of  the  nonlinear  core  correction  and 
the  importance  of  different  atomic  reference  configuations  for  different  angular-momentum 
channels  by  simultaneously  fitting  the  pseudopotential  and  the  core  charge  to  more  than 
one  configuration. 

The  approach  used  here  resolves  this  inconsistency  while  maintaining  the  improved  trans¬ 
ferability  obtained  through  the  choice  of  different,  atomic  reference  configurations.  This  is 
achieved  by  choosing  as  the  initial  reference  configuration  the  neutral  ground  state  and  gen¬ 
erating  the  angular  momenta  channels  for  it  together  with  the  core  charge.  For  angular 
momenta  present  only  in  the  excited  states,  we  use  the  appropriately  ionized,  excited-atom 
configuration  of  the  frozen-core  atom  (with  the  core  from  the  neutral  ground  state).  We 
generated  pseudopotentials  for  aluminium,  gallium  and  indium  with  this  procedure  using  the 
standard  reference  configurations  for  the  empty  d-channel  [16,22],  namely 
for  aluminium,  4s°-^®  4p°  for  gallium  and  for  indium. 

The  calculated  bulk  properties  are  presented  in  Table  I.  In  general,  agreement  with 
experiment  is  excellent  [23,24].  The  theoretical  lattice  parameters  of  both  the  zinc-blende 
and  wurtzite  forms  agree  very  well  with  experiment;  a  similar  level  of  accuracy  is  expected 
for  the  interface  calculations  described  below.  We  have  also  calculated  the  bulk  properties  of 
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GaN  treating  the  3d-electrons  of  gallium  as  valence  electrons  following  Ref.  [7].  With  a  cut¬ 
off  of  240  Ry,  we  find  oo  =  4.46  A  and  Rq  =  2.14  Mbar,  which  reproduces  the  experimental 
values  to  the  same  degree  as  our  calculations  employing  the  present  pseudopotentials  with 
the  d-electrons  in  core. 

The  properties  of  nitride-based  semiconductor  devices  are  critically  dependent  upon  their 
interface  properties.  Due  to  the  lattice-mismatch  between  AIN  and  GaN  (3.5%)  and  between 
InN  and  AIN  (12.8%),  superlattices  of  these  materials  are  expected  to  be  strained  [25].  We 
investigate  first  the  (001)  zinc-blende  interface.  The  supercell  for  the  strained  superlattice 
was  determined  using  macroscopic  elasticity  theory  [26].  In  this  theory,  each  half  of  the 
heterojunction  is  treated  as  a  strained  bulk  with  a  fixed  in-plane  lattice  constant  a||.  The 
perpendicular  lattice  constant  of  the  epilayer  c  is  obtained  by  minimizing  the  strain  energy 
of  the  system  subject  to  the  fixed  in-plane  constant.  For  AIN,  GaN  and  InN,  the  calculated 
elastic  constants  used  to  determine  the  strains  are  given  in  Table  II.  Using  total  energy 
calculations,  we  find  that  macroscopic  elasticity  theory  predicts  well  the  perpendicular  lattice 
constant  for  the  epilayer.  The  residual  relaxation  of  the  atoms  at  the  interface  is  negligible 
(<  0.05  A)  and  does  not  affect  the  band  offset  of  the  interface. 

The  interface  energy  for  the  (001)  direction  can  be  calculated  in  a  straightforward  manner 
because  the  supercell  contains  two  identical  interfaces.  The  interface  energy  of  the  interface 
AC/BC  is 

^interface  —  "^(^^supeTcell  ^AC^AC  ^  (^) 

where  Eac  {Ebc)  is  the  energy  of  the  AC  (BC)  pair  in  the  appropriately  strained  bulk 
and  Nac  (Nbc)  is  the  number  of  AC  (BC)  pairs  in  the  supercell.  We  considered  three 
different  interfaces,  namely  the  strained  GaN/ AIN  (with  AIN  in-plane  lattice  constant),  the 
strained  AlN/GaN  (with  GaN  in-plane  lattice  constant)  and  the  “unstrained”  GaN/ AIN 
(with  average  lattice  parameter)  interfaces.  In  each  case,  the  interface  energy  was  found  to 
be  extremely  small,  ~  1  meV/interface  atom,  which  is  of  the  order  of  the  precision  of  the 
calculations.  Therefore,  all  of  the  interfaces  show  similar  bonding  characteristics.  This  is  not 
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the  case,  however,  with  the  elastic  energies  of  the  interfaces.  The  elastic  energy,  which  is  the 
difference  of  the  strained  energy  and  the  unstrained  energy  per  pair,  manifests  itself  as  an 
extrinsic  volume  effect  governing  the  thickness  of  the  pseudomorphic  layer.  We  find  that  the 
elastic  energy  is  46  meV/pair  for  GaN/AlN  and  is  63  meV/pair  for  AlN/GaN.  The  elastic 
energy  in  the  “unstrained”  case  is  comparable  to  that  in  AlN/GaN.  Thus  the  critical  thick¬ 
ness  for  pseudomorphic  AlN/GaN  is  significantly  smaller  than  GaN/AlN,  an  observation 
which  is  consonant  with  the  fact  that  epitaxially  grown  GaN/AlN  results  in  higher  quality 
samples  [2].  In  the  light  of  these  conclusions,  we  restrict  further  considerations  to  interfaces 
grown  on  an  AIN  substrate,  i.e.  the  in-plane  lattice  constant  for  all  the  superlattices  is  the 
AIN  value. 

We  have  investigated  the  band  offsets  of  the  (001)  GaN/AlN,  InN/AlN  and  InN/GaN 
strained  hetero junctions  following  the  procedure  of  Ref.  [27].  In  each  case  AIN  is  taken  to 
be  the  substrate.  The  results  are  shown  in  Fig.  1  [28].  We  find  that  each  interface  is  of 
type  I,  with  the  InN  band  edges  sandwiched  by  the  band-edges  of  the  other  materials,  since 
the  band  gap  in  InN  is  the  smallest.  The  transitivity  rule  is  satisfied.  We  do  not  observe 
any  interface  states  in  the  gap  of  the  superlattice.  As  might  be  expected,  states  at  the 
top  of  the  valence  band  are  mostly  localized  to  the  epilayer  with  the  smaller  gap.  Similar 
behavior  is  observed  for  the  conduction-band  minimum;  the  degree  of  localization  of  the 
states  at  the  conduction-band  minimum  increases  with  increasing  band  offset.  Strain  effects 
on  the  valence-band  offsets  have  been  investigated  for  the  interfaces  formed  by  AIN  and 
GaN.  They  vary  between  20%  and  40%.  In  particular,  the  valence-band  offsets  are  -0.75  eV 
for  GaN/AlN,  -0.44  eV  for  AlN/GaN  and  -0.58  eV  for  “unstrained”  GaN/AlN. 

The  case  of  the  wurtzite  (0001)  GaN/AlN  interface  was  also  investigated.  Strain  effects 
were  explicitly  included  using  macroscopic  elasticity  theory  [29]  and  a  total  energy  optimiza¬ 
tion.  The  calculated  valence-band  offset  is  estimated  to  be  -0.57  eV,  a  value  smaller  than 
the  result  for  the  strained  non-polar  (001)  GaN/AlN  interface.  The  ratio  of  the  conduction- 
band  to  valence-band  offset  is  65:20.  Our  results  agree  very  well  with  the  experimental 
measurements  of  the  (0001)  wurtzite  interface  [30]. 
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The  possible  sources  of  systematic  error  of  the  calculation  include  the  neglect  of  the 
anion  p-  and  cation  d-state  repulsion  [31]  and  the  well-known  neglect  of  many-body  effects 
in  the  LDA.  In  GaN/AlN  interfaces,  the  inclusion  of  the  3d-electrons  as  valence  electrons 
results  in  a  constant  shift  of  0.2  eV,  which  is  less  than  the  experimental  error  [30],  and  does 
not  change  the  character  of  the  interface.  Incorporating  this  shift  gives  results  in  agreement 
with  previous  estimates  using  a  d- valence  pseudopotential  [6]  and  an  all-electron  calculation 
[4].  The  importance  of  many-body  effects  on  the  band  offsets  is  not  known  and  awaits  a 
future  GW  calculation. 

Because  of  its  low  symmetry,  the  wurtzite  system  may  display  pyroelectric  and  piezo¬ 
electric  behavior  [32].  These  effects,  if  present,  will  manifest  themselves  macroscopically  in 
multi-quantum-wells  along  those  directions  that  do  not  have  a  perpendicular  mirror-plane 
[33,34].  Thus,  for  instance,  macroscopic  fields  are  not  observed  in  the  strained  (001)  in¬ 
terfaces  in  zinc-blende  structure,  while  they  are  observed  in  strained  (111)  interfaces  [33]. 
Indeed,  a  polarization  will  be  induced  only  if  off-diagonal  components  of  the  strain  are 
present.  In  (0001)  strained  GaN/AlN,  we  observe  a  substantial  electric  field  as  has  been 
previously  noted  by  Satta  and  coworkers  [35].  In  order  to  distinguish  the  bulk  pyroelectric 
and  piezoelectric  contributions  to  this  field  from  that  induced  by  the  interface,  we  have 
calculated  the  spontaneous  bulk  polarization  of  unstrained  AIN  and  the  strain  induced  po¬ 
larization  for  the  GaN  epilayer  [36].  The  spontaneous  polarization  (P3)  of  AIN  and  GaN 
in  equilibrium  are  -1.227  pC/cvc?  and  -0.448  yuC/cm^  respectively;  the  polarization  of  the 
strained  GaN  is  -0.454  pC/cm^.  These  values  are  comparable  to  the  computed  bulk  po¬ 
larization  in  BeO  [36].  The  effect  of  the  interface  dipole  is  small;  the  polarization  in  the 
GaN/AlN  multi-quantum- well  is  well  described  by  the  superposition  of  the  polarizations 
of  the  constituent  epilayers  of  the  multi-quantum-well.  The  estimated  contribution  of  the 
interface  dipole  (which  includes  the  response  of  one  epilayer  to  the  field  of  the  other)  is 
0.057  /iC/cm^,  which  is  of  opposite  sign  and  an  order  of  magnitude  smaller  than  the  bulk 
polarizations.  The  computed  value  of  the  polarization  in  the  superlattice  agrees  with  that 
estimated  from  experiment  by  Martin  et  al.  [30]. 
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Alloying  provides  another  way  to  tune  band  offsets  through  changes  to  the  strain  in  the 
system  and. changes  to  the  electronic  structure.  The  virtual  crystal  approximation  in  which 
the  pseudopotentials  of  the  constituent  species  are  averaged  by  their  fractional  composition 
has  been  shown  to  adequately  describe  band  offsets  in  certain  alloy  interfaces  [37].  We  have 
studied  the  zinc-blende  (001)  Alo.sGao.sN/AlN  interface  in  the  virtual  crystal  approximation. 
First,  we  used  the  virtual  crystal  approximation  to  calculate  the  elastic  properties  of  the  zinc- 
blende  alloy  (with  theoretical  lattice  constant  of  4.44  A),  finding  Cu  =  23.55  x  10^^  dyne/cm^ 
and  Ci2  =  11.84  xlO^^  dyne/cm^,  and  used  macroscopic  elasticity  theory  to  predict  the 
strains.  In  contrast  to  the  pure  nitride  interfaces,  we  found  that  this  particular  alloy  interface 
is  a  staggered  type  II  interface.  The  valence-band  offset  is  -0.39  eV  and  the  conduction-band 
offset  -0.17  eV.  In  order  to  verify  the  accuracy  of  the  approach,  we  compared  the  lineup  of  the 
virtual  crystal  approximation  with  a  fully  relaxed  (GaN)i(AlN)i/AlN  interface;  the  alloy  was 
replaced  by  the  1x1  superlattice,  an  extreme  example  of  an  ordered  alloy.  The  results  are  - 
0.37  eV  and  -0.09  eV  for  the  valence-  and  conduction-band  offsets,  respectively.  Further,  the 
character  of  the  interface  remains  unchanged.  Therefore,  the  virtual  crystal  approximation 
well  describes  the  band  offsets  of  this  alloy  superlattice  and,  within  the  present  theoretical 
scheme,  the  interface  will  change  its  character  as  the  gallium  composition  of  the  alloy  is 
increased. 

In  summary,  we  have  investigated  the  influence  of  strain  on  the  interface  properties  of 
nitride-based  heterostructures.  In  these  lattice-mismatched  hetero junctions,  the  in-plane 
lattice  constant  can  be  varied  by  changing  the  characteristics  of  the  substrate  and  so  tune 
the  band  offset.  The  elastic  energy  of  the  AlN/GaN  interface  is  appreciably  larger  than 
that  of  the  GaN/AlN  interface,  making  AIN  the  preferred  substrate  for  pseudomorphic 
growth.  Strain  effects  on  the  band  offsets  in  GaN/AlN  range  from  20%  to  40%.  The  bulk 
spontaneous  polarization  of  the  constituent  materials,  which  range  from  -1.227  to  —0.448  x 
10“^  C/m^  for  AIN  and  GaN,  respectively,  constitutes  the  preponderant  contribution  to  the 
polarization  present  in  the  low  symmetry  wurtzite  GaN/AlN  interface,  i.e.  the  interface 
contribution  to  the  polarization  is  small.  Finally,  the  pure  interfaces  are  all  of  type  I,  while 
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the  Alo.5Gao.5N/AlN  interface  may  be  of  type  II,  suggesting  that  a  change  of  character  will 
occur  as  the  gallium  composition  of  the  alloy  is  increased. 

We  acknowledge  helpful  conversations  with  Drs.  D.  J.  Sullivan  and  E.  L.  Briggs. 
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TABLES 


TABLE  I.  Calculated  bulk  properties  of  zinc-blende  and  wurtzite  nitride  semiconductors.  The 
values  of  the  gap  at  the  F-pt  (Er)  cind  of  the  valence-band  width  {AE^bw)  are  the  LDA  results. 
Experimental  values  axe  in  brackets  and  follow  Ref.  [7]. 


zinc-blende 

AIN 

GaN 

InN 

ao  (A) 

4.37  (4.38) 

4.52  (4.5) 

5.01  (4.98) 

Bo  (MBar) 

2.02  (2.02) 

1.70  (1.90) 

1.58  (1.37) 

Er  (eV) 

4.09 

2.24  (3.45) 

0.16 

AEybw  (eV) 

14.86 

15.48 

14.01 

wurtzite 

a  (A) 

3.09  (3.11) 

3.20  (3.19) 

3.55  (3.54) 

c/a 

1.62  (1.60) 

1.63  (1.63) 

1.63  (1.61) 

u  (units  of  c) 

0.378  (0.382) 

0.376  (0.377) 

0.375 

Bo  (MBar) 

1.99  (2.02) 

1.69  (1.95,  2.37) 

1.62  (1.26,  1.39) 

Er  (eV) 

4.44  (6.28) 

2.29  (3.50) 

0.16  (1.89) 

AEybw  (eV) 

14.89 

15.60 

14.00 

TABLE  II. 

Elastic  constants  calculated  for  zinc-blende  AIN,  GaN  and  InN  (in  units  of  10^^ 

dyne/cm^).  The  experimental  values  in 

brackets  are  from  wurtzite  [38]. 

AIN 

GaN 

InN 

Cll 

24.85 

23.74  (29.6  ±  1.8) 

20.24 

Cl2 

13.37 

11.23  (13.0  ±  1.1) 

12.96 
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FIGURES 


FIG.  1.  Calculated  band  offsets  for  the  three  interfaces  described  in  the  text  assuming  an  AIN 
substrate. 
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XVIII.  Photothermally  Assisted  Dry  Etching  of  GaN 


A.  Introduction 

The  ability  to  process  devices  from  m-Nitride  matmals,  especially  GaN,  d^nds  heavily 
on  the  development  of  controlled  etching  and  masking  techniques  for  these  materials. 
Removing  material  requires  some  type  of  etchant  species  (reactive  or  unreactive,  as  in  Ar  ion 
milling)  and  a  means  to  provide  kinetic  energy  for  desorption  of  etch  products  and/or  to 
enhance  the  etching  reaction.  Means  to  provide  the  necessary  energy  can  be  in  the  form  of  heat, 
biased  ion  beam,  kinetic  energy  transfer,  or  photons.  The  masking  selects  where  the  material  is 
removed,  but  the  masking  material  must  be  conq>atible  with  the  etching  process.  Since  the 
ultimate  goal  is  to  uniformly  etch  only  beyond  the  boundaries  of  the  mask,  the  etching 
processes  must  also  have  a  non-crystallographic  anisotropic  character  to  transfer  the  masked 
pattern. 

Both  dry  and  wet  techniques  can  be  used  for  device  processing.  Dry,  plasma  etching 
techniques  in  die  form  of  reactive  ion  etching  (RIE)  [e.g.  1, 2],  magnetron  electron  cyclotron 
resonance  (ECR)  etching  [3, 4],  and  chemically  assisted  ion  beam  etching  (C!AIBE)  [S,  6]  have 
been  very  popular  for  etching  the  m-N  materials.  Although  these  techniques  have  high  etch 
rates  ranging  between  200  to  3S(X)  A/  min,  they  rely  on  bombardment  of  an  electrically  biased 
surface  with  ions  that  can  produce  damage,  degrading  the  optical  and  electrical  propmies  of 
devices,  unless  used  at  low  ion  energies  [7,  8].  Wet  etches  are  ineffective  due  to  the  m-N 
materials  resistance  to  chemical  attack,  with  low  etch  rates  around  20  A/  min  [9]  for  GaN. 
Conventional  wet  etches  also  have  the  drawback  of  isotropic  etching,  leading  to  undercutting  of 
die  maslq  however,  these  etches  can  be  effective  for  surface  cleaning  [10]. 

Photoassisted  etching  techniques  using  both  wet  and  dry  etchant  species  are  being 
developed  as  alternatives  to  plasma  etching  m-N  materials  to  potentially  reduce  the  damage 
associated  with  ion  beams.  Photoassisted  wet  etching  of  undoped  n-type  GaN  has  also  been 
shown  effective  in  producing  etch  rates  as  high  as  4000  A/  min  using  (1:3)  45%  KOH  and 
400A/  min  using  (1:10)  HCl;  H2O  coupled  widi  a  He-Cd  (325  nm)  laser  [1 1].  The  etch  features 
were  also  reported  to  be  smooth  and  distinct,  with  the  etch  mechanism  suggested  as 
photoelectrochemical  in  nature.  Recently  we  have  reported  the  photoassisted  dry  etching  of 
GaN  [12]  using  an  ArF  excimer  laser  (193  nm)  and  100%  HCl  etchant  gas  at  ~0.5  mTorr, 
producing  distinct  sidewalls  and  smooth  etched  features  with  an  etch  rate  of  ~80  A/  min. 
Results  from  so  called  dark  etching,  without  laser  interaction,  have  shown  that  no  appreciable 
etching  occurs.  Also,  no  appreciable  etching  is  obs^ed  with  raising  the  sanq)le  teaq)erature  to 
~400  °C  under  the  same  HQ  conditions,  again,  without  laser  radiation.  Both  HQ  and  UV 
radiatirai  were  necessary  to  produce  etching  of  GaN. 


146 


This  report  presents  the  effect  of  surface  temperature,  HCl  pressure,  and  laser  fluence  on 
both  etch  rate  and  etched  surface  moiphology. 

B.  Experiment 

The  system  used  in  this  study  has  been  previously  described  [12],  and  consists  of  a  load 
locked  ultra  high  vacuum  chamber  (base  pressure  3x10'^  Torr)  equipped  with  an  internal 

shower  head  dosn  for  delivering  HQ,  with  the  gas  flux  ccnncident  with  laser  radiation  and  the 
GaN  material.  GaN  samples  grown  in-house  [13]  epitaxially  on  (0(X)1)  sapphire  and  purchased 
Born  Qee  Research,  Inc.  (undoped  n-type  carrier  concentrations  <  1x10*^  /cm^  were  used  in 
this  study.  The  erqreiiments  were  performed  with  no  thermal  bias  to  the  substrate  at  ambient 
tenqreratures  near  23°C,  surface  heating  due  to  laser  between  ~2(X)-3(X)°C,  and  HQ  (99.999% 
purity)  pressures  ~  O.S  to  1  mTorr.  An  ArF  (193  nm)  excimer  laser  was  used  at  30  Hz  and 
26  kV  to  produce  laser  fluences  which  were  attenuated  using  non-coated  optic  flats  and  all 
energy  losses  were  measured  by  a  pyroelectric  Joule  metrar.  The  laser  power  was  measured  at 
the  entrance  to  the  chamber,  taking  into  account  the  loss  due  to  die  laser  port  at  the  system.  The 
laser  beam  was  focused  from  the  original  1x2  cm  size  at  the  laser  exit  to  approximately  3x6 
mm  at  the  sanqile. 

Sanqiles  were  masked  using  a  contact  mask  made  of  tungsten  wire  physically  placed  over 
the  surface.  After  etching,  the  samples  were  characterized  by  optical  microscopy  with 
Nomarski  differential  interference  contrast,  stylus  profilometry,  and  scanning  electron 
microscopy  (SEM)  to  determine  die  etch  rate  and  the  quality  of  surface/  sidewall  morphology. 
The  etch  rate  was  determined  by  dividing  die  etch  depdi  determined  by  profilometry  by  die  time 
to  pulse  the  laser  (dependent  on  die  repetition  rate).  Typical  number  of  pulses/  sample  was 
~2S,000  taking  approximately  14  minutes. 

C.  Results  and  Discussimi 

A  typical  etch  profile  is  shown  in  Fig.  1.  Etching  conditions  for  this  sanqile  were  ~0.5 
mTorr  HQ  with  laser  fluence  of  ~19  mJ/  pulse.  The  sidewalls  are  very  distinct  and  the  etch 
depth  for  this  sanqile  is  between  ~0.6  to  1  pm  deep.  Non-uniformity  in  die  etch  depths  on  both 
sides  of  the  mask  is  due  to  the  non-uniformity  of  the  laser  beam  itself:  the  intensity  profile  of 
the  beam  is  not  a  perfect  “top  hat”  shape,  but  is  more  rounded  in  dimensions;  thus,  die  intensity 
of  the  laser  is  not  the  same  for  all  regions  (mi  the  sample. 

Typical  surface  morphology  of  etched  regims  produced  by  increasing  laser  fluences  are  seen  in 
Fig.  2.  Figure  2(a)  shows  a  very  slightly  textured  etched  surface  compared  to  the  masked 
unetched  surface  under  low  laser  fluences  of  ~  10  mJ/pulse.  Figure  2(b)  reveals  that  at  higher 
laser  fluence,  12  mJ/  pulse,  the  surface  becomes  more  heavily  textured.  Finally  in 
Fig.  2(c),  the  surface  is  roughly  textured  corresponding  to  the  highest  laser  fluence  used  in  the 
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Figure  1.  Typical  etch  profile  measured  by  profilometiy. 


W  (b)  (c) 

Figure  2.  Ncunarski  optical  microscopy,  400x  observation  of  etched  surface  moiphology 
with  increasing  laser  fluence  :  (a)  10  mJ/  pulse;  (b)  12  mJ/  pulse;  (c)  19  mJ/ 
pulse. 

study,  19  mJ/  pulse,  and  is  the  same  sample  as  in  Fig.  1.  The  edges  between  the  etched  anrf 
unetched  regions  of  Fig.  2(b)  show  some  diffraction  effects  due  to  the  incon:q)lete  contact 
masking  of  the  samples.  Preliminary  work  using  photolithographed  Ni  masks  on  these  GaN 
samples  indicate  that  with  a  weU  adhered  mask,  these  specific  diffraction  effects  can  be 
reduced.  SEM  results  have  revealed  cracks  in  the  Ni  mask  possibly  due  to  the  differences  in 
thermal  e;q)ansion  between  GaN  and  Ni.  Because  of  this,  the  sidewall  morphology  cannot  be 
determined  due  to  poor  mask  adhesion.  A  mrae  suitable  mask  is  being  considered  to  reduce 
these  effects. 

The  effect  of  laser  fluence  on  etch  rate  is  shown  in  Fig.  3(a).  The  temperature  rise 
associated  with  laser— material  interaction  has  been  determined  by  many  authors  [e.g.  14]  by 
solution  of  the  heat  equation  and  assunoption  of  a  beam  shape.  Using  known  thermal  constants 
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(a)  (b) 

Figure  3.  (a)  Etch  rate  vs.  laser  fluence  for  photoassisted  etching  of  GaN;  (b)  Arrhenius 

plot  of  the  etch  rate  vs.  the  calculated  surface  ten:q>erature  rise  with  increasing 
laser  fluences. 

for  GaN,  a  tempoature  rise  between  300  to  400  ®C  can  be  associated  with  the  laser  power 
density  hitting  the  saniple,  assuming  all  of  the  laser  fluence  is  transformed  to  heat  Fig.  3(b) 
relates  the  laser  fluence  to  surface  temperature,  resulting  in  an  Arrhenius  plot  of  etch  rate  vs. 
the  invose  traiperatuie  related  tt>  the  intensity  of  the  laser  radiation.  Note  that  the  tenqterature 
rise  is  limited  to  die  surface  region  only,  with  the  heat  dissipating  between  the  30  Hz,  18  nsec 
pulses.  The  error  bars  included  in  die  git^h  reveal  the  effect  of  a  non-uniform  radiatitm  source. 

The  results  in  Fig.  3(b)  suggest  that  the  photoassisted  etching  of  GaN  is  thermally 
enhanced  by  the  laser-^natraial  interaction  in  this  HQ  pressure  range,  line  fitting  techniques 
through  these  points  indicate  a  residuals  squared  value  of  ~0.99,  confirming  the  Arrhenius 
form  of  the  etch  rate  vs.  l/T.  The  activation  energy  calculated  from  these  results  is  ~1.2  kcal/ 
mol,  higher  than  the  activation  energy  of  0.65  kcal/  mol  for  reactive  fast  atom  beam  etching 
(r-FABE)  determined  by  Tanaka  [15].  Possible  differences  in  these  two  activation  energies 
could  be  due  to  the  diffraent  methods  of  removing  the  etch  products,  and  considering  the  effect 
of  the  energetic  beam  in  both  cases.  For  the  reactive  FABE,  no  reason  is  given  for  the 
tenqieratore  dependence  of  the  etch  rate  or  mechanism.  The  energetic  fast  atom  beam  could  be 
adding  the  necessary  energy  to  further  desorb  the  etch  products,  thus  lowering  the  activation 
energy.  In  photothramally  assisted  etching,  the  laser  energy  is  doing  all  of  die  work:  both  the 
surface  is  heated  and  die  etch  products  desorb  due  to  the  laser  irradiatioiL 

The  observations  for  photoassisted  etching  of  GaN  are  similar  to  those  for  GaAs.  Brewer 
[16]  and  Tejedor  [17]  both  reported  on  the  photoassisted  etching  of  GaAs  with  CFaBr/ 193  nm 
and  CI2/ 193  nm,  respectively,  and  showed  that  with  increasing  the  laser  fluence,  the  etch  rate 
did  increase,  and  the  surface  morphology  roughened  with  laso*  fluences  above  30  -  35  mJ/ 
cm^  They  suggested  the  laso'— material  interacticm  produced  physical  ablatirai  or  at  least  laser 
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enhanced  desoiption  of  the  GaAs.  By  conq)aring  the  results  of  Figs.  2  and  3  to  diat  of  the 
GaAs  results,  similar  etching  behavior  (and  possibly  mechanism)  is  occunring. 

Coiiq)ared  with  the  wet  photoelectrochemical  etching  leacdtm  described  by  Minsky  [11],  at 
this  time  there  is  no  evidence  siq>porting  photoelectrochemical  etching  with  the  dry  etching 
process  conditions  used  here.  This  does  not  mean,  however,  that  they  do  not  exist,  since  the 
laser  en^gy  (6.4  eV  »  Eg®*^  ~3.4  eV)  is  more  than  sufficient  for  the  producdtHi  of  the 
electron — hole  pairs  involved  in  die  photoelectrochemical  reacdon. 

The  mechanism  for  photoassisted  dry  etching  is  not  well  understood.  The  surface 
roughness  resulting  with  increasing  laser  fluence  suggests  that  there  is  some  non-uniform 
interacdon  of  the  material  with  the  etching  energy  oi  the  laser  and  reacdvi^  of  the  process  gas. 
Abladon  has  been  suggested  to  explain  the  roughness  in  die  photoassisted  etching  of  GaAs,  but 
for  GaN,  whether  or  not  tree  abladon  occurs,  it  is  obvious  diat  some  reacdve  decomposidtm  of 
the  surface  is  occurring.  The  cause  of  the  surface  roughness  could  result  from  such  etching 
decomposidon  if  the  etch  products  wm  agglomerating  from  incomplete  desorpdon,  creating 
local  roughness  diat  a  uniform  etching  process  could  not  preferendally  remove.  For  this  gas — 
material  interacdon,  it  is  eiqiected  that  the  laser  dissociates  the  HCl  gas  molecules  into  the 
etching  species.  In  this  case,  increasing  the  amount  of  reactant  species,  and/  or  increasing  the 
sur£u:e  tenqierature  would  be  necessary  to  remove  diese  agglomerated  etch  products. 

D.  Conclusion 

We  have  shown  that  for  the  process  condidons,  the  photoassisted  etching  reaction  is 
thermal  in  nature,  with  die  activation  energy  ~  1.2  kcal/  mol.  Increases  in  the  laso*  fluence 
results  in  the  increase  of  etch  rate,  howev^,  the  surface  also  becomes  increasingly  rougher. 
Distinct  etch  features  can  be  produced  with  this  techiuque  with  smoodi  surfaces  at  the  expense 
of  etch  rate.  With  changes  in  the  process  conditions,  we  hope  to  inqirove  the  surface 
morphology.  Extension  of  this  research  to  different  ni-N  materials  is  already  underway  to 
determine  the  effect  of  photoassisted  etch  damage  and  will  be  reported  (xi  in  the  future. 
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XIX.  Ohmic  Contact  Formation  to  GaN 


A.  Introduction 

The  work  described  in  this  section  is  part  of  a  systematic  study  of  ohmic  contact  strategies 
for  GaN.  The  majority  of  successful  ohmic  contact  systems  that  have  so  far  been  implemented 
with  the  more  conventional  compound  semiconductors  have  relied  upon  alloying  (liquid-phase 
reacticMi)  or  sintering  (solid-phase  reaction)  via  post-deposition  annealing  treatmraits,  and/or  tiie 
presence  of  high  carrier  concentrations  near  the  interface  [1-4].  However,  many  otherwise 
successful  ohmic  contact  systems  have  only  limited  thermal  stability  and  are  subject  to 
degradation — ^usually  in  the  form  of  extensive  interdiffusion,  interfacial  reaction,  and 
int^hase  growth,  acctnnpaitied  by  increase  in  contact  resistivi^ — under  subsequent  thermal 
processing  steps. 

One  area  of  contacts  development  that  has  received  a  significant  amount  of  attention  is  that 
of  the  metal  silicide  compounds.  Silicide  thin  films  have  been  extensively  studied  and  applied 
as  contacts  and  interconnects,  mostly  for  silicon-based  technology  [5-10].  In  con^arison,  the 
propoties  of  the  metal  germanides  are  not  well  documented.  As  a  general  rule,  gomanides 
have  been  found  to  be  more  resistive  than  silicides  and  their  chemistry  with  Si-based  materials 
more  complex.  However,  in  a  series  of  studies,  M.  O.  Aboelfotoh  et  al.  have  shown  that  a 
particular  phase  of  copper  germaitide,  specifically  the  ordered  monoclirtic  phase  ei-Cu3Ge,  is 
an  exception  m  these  rules  [10-14].  Thin  films  of  Cu3Ge  exhibit  remarkably  low  resistivities, 
unlike  Cu3Si,  and  unlike  both  Cu  and  Cu3Si,  are  surprisingly  stable  with  respect  m  oxygen  and 
air  exposure.  As  such,  Cu3Ge  presents  itself  as  a  potentially  useful  contact  metaL  Indeed, 
preliminary  experimentation  with  Chi3Ge  contacts  on  GaAs  and  GaN,  primarily  on  n-type  and 
heavily-doped  p-Q'pe  mat^ial,  has  produced  some  favorable  results  in  trams  of  ohmic  contact 
formation.  For  these  reasons  copper-germanium  contacts  were  investigated  as  part  of  this  study 
as  possible  candidates  for  high-quality,  low-resistivity  ohmic  contacts. 

B.  Experimental  Procedure 

The  substrates  used  for  m-nitride  film  growth  were  6H-SiC  wafers  supplied  by  CREE 
Research,  Inc.  Two  growth  methods  have  been  used  for  the  deposition  of  m-N  films  for  these 
contacts  studies:  ECR  plasma-enhanced  gas-source  molecular  beam  epitaxy  (MBE)  and  metal- 
orgartic  vapor  phase  epitaxy  (MOVPE).  The  dopants  of  Ge  and  Si  were  introduced  via  MBE 
and  MOVPE  respectively  to  achieve  n-Qrpe  material  Dopant  levels  and  carrier  concentrations 
for  the  n-GaN  films  varied.  The  lutride  films  were  cleaned  with  a  50:50  HQ:H20  dip  and 
carefully  pulled  dry  fiom  the  solution,  prior  to  deposition  of  the  metals.  Any  remaining 
cleaning  solution  was  blown  dry  with  N2.  Prior  to  metal  deposition,  the  GaN  samples  were 
thermally  desorbed  in  vacuum  at  700C  for  15  min.  The  Cu  and  Ge  comprising  this  contact 


152 


system  were  deposited  via  electron  beam  evaporation  as  sequential  layers,  800  A  of  Cu 
followed  by  1200  A  of  Ge.  The  alloying  of  the  layers  was  accon:q>lished  by  heating  at  400®C 
for  15  minutes,  while  in  vacuum  after  the  metal  evaporation,  as  described  by  Aboelfotoh  er  a/. 
[10-14].  Film  thicknesses  were  monitored  using  a  quartz  crystal  oscillator.  Photolithography 
was  used  to  define  the  TLM  test  patterns. 

After  deposition,  I-V  measurements  were  talren  at  room  teiiq)erature  between  sq)aiate  pads 
of  the  TLM  patterns,  using  tungsten  probe  tips  and  an  HP  414SC  Semiconductor  Parameter 
Analyzer.  TLM  measurements  were  taken  by  measuring  the  total  resistance  between  identical 
contact  pads  as  a  functitm  of  separation  distance  L  The  contact  resistivity  was  obtained  £nnn  the 
plot  of  R(l)  vs.  1,  as  described  by  Reeves  and  Harrison  [15].  Subsequent  aimealing  treatments 
were  performed  under  ultra  high  vacuum  conditions,  having  a  base  pressure  of  1x10*’  Torr. 

C.  Results 

Preliminary  measurements  were  made  from  CusGe  contacts  deposited  on  n-type  GaN 
(MBE,  Ge-dqped)  at  IBM’s  Yorktown  Heights  research  fricili^  in  a  UHV  e'-beam  evaporation 
systrai.  Current-voltage  measurements  of  these  contacts  on  Ge-doped  GaN  revealed  ohmic 
behavior  widi  low  overall  resistance.  In  addition,  the  omtacts  retained  a  shiny,  smooth  surface, 
indicative  of  little  or  no  roughening  or  reaction  at  die  interface.  At  the  present  time  the  work 
function  and  electron  affiniQr  properties  of  CuGe  conqiounds  have  not  yet  been  measured,  so  it 
is  not  known  how  this  contact  system  conqiares  with  the  Schotti^-Mott-Bardeen  modeL  R  is 
often  observed,  however,  that  even  if  a  ctmtact  metal  does  not  have  a  favorable  work  fanctinn 
relatitmship  to  a  semiconductor  for  ohmic  contaa  formation  according  to  die  Schotd^  model, 
the  role  of  a  barrier  at  the  surface  can  be  bypassed  by  means  of  other  current  transport 
mechanisms. 

Current-voltage  measurements  of  the  Cu3Ge  contacts  on  MOVPE-grown  GaN:Si 
(n=7.4xl0**  cm*^)  revealed  nearly-linear  ohmic  behavior  with  low  overall  resistance,  as 
shown  in  Hg.  1.  TLM  measurements  showed  the  to  be  4.9x10-3  £2  cn^.  The  same  contact 
system  deposited  on  lower-doped  GaN  (n=4.5xl0*^  cm*3)  was  much  more  resistive  anti 
showed  more  nonlinearity  in  the  I-V  measurements;  a  of  18  cn^  was  obtained.  In  both 
cases,  the  as-alloyed  contacts  had  a  shiny,  smooth  surface,  indicative  of  little  or  no  roughening 
or  reaction  at  the  interface.  Subsequent  annealing  of  the  samples  under  UHV  conditions 
resulted  in  litde  change  in  p«  for  both  doping  levels,  until  the  samples  were  heated  at  800°C. 
However,  after  the  600**C  anneal,  die  I-V  measurements  of  the  contacts  on  the  lighdy-doped 
GaN  (n=4.5xl0^'^  cm-3)  became  substantially  more  linear.  After  die  800°C  annealing  step,  the 
Cu3Ge  Pe  for  both  GaN  doping  levels  increased  sharply,  as  shown  in  Fig.  2.  For  the 
n=7.4xl0**  cm-3  contacts,  die  p^  rose  to  1.0  cm*  and  on  the  n=4.5xl0”  cm-*  contacts  the 
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Rgure  1.  I-V  data  for  as-alloyed  CusGe  contacts  on  n-GaN. 


Figure  2.  Specific  contact  resistivity  for  CujG^n-GaNrSi  contacts  as  a  function  of 
annealing  ten[q)erature. 

Pe  reached  69  cm^.  In  addition,  the  metal  contact  surfaces  appeared  somewhat  duiifd  aftCT  the 
800®C  anneal,  indicating  that  some  roughening  had  taken  place.  Current-voltage  measurements 
of  the  CujGe  metal  layers  themselves  revealed  that  the  metal  layers  had  become  much  more 
resistive  as  a  result  of  the  800®C  anneal.  This  increased  senes  resistance  in  the  measuranent 
circuit  was  re^nsible  for  the  increase  in  calculated  values. 
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D.  Discussion 

As  described  above,  the  CuaGe  contacts  on  n-GaN:Si  exhibited  ohmic  behavior  on  both 
moderately  doped  (n=4.5xl0*’  cm-^)  and  more  heavily-doped  (n=7.4xl0**  cm*’)  n-GaN 
films.  This  behavior  was  observed  in  both  the  as-alloyed  contacts,  alloyed  in  vacuum  at  400‘’C, 
and  contacts  annealed  in  vacuum  through  800**C  fcv  30  min  increments.  The  annealing 
treatments  were  intended  to  increase  the  donor  concentration  at  the  contact  intraface  by  means 
of  Ge  diffusion  into  the  GaN.  A  reduction  of  was  not  seen  as  a  result  of  the  annealing 
treatments  iq>  through  700**C,  indicating  that  litde  transport  of  Ge  into  the  GaN  took  place  at 
these  temperatures.  The  increase  in  that  occurred  after  the  800°C  armeal  was  a  result  of 
degradation  of  the  metal  layer  itself.  Li  the  as-alloyed  state,  the  metal  layer  exhibited  low- 
resistivity  properties;  after  the  800X  anneal  the  probe-to-probe  resistance  of  the  metal  layer  had 
increased  dramatically  and  overwhelmed  all  other  electrical  effects  contributing  to  the  I-V 
measurements  used  for  TLM  calculations.  Since  the  Cu3Ge  conqx)ond  undergoes  liquid-phase 
peritectic  decorrqxnition  at  743°C  and  melts  con:q)letely  at  748°C,  as  seen  in  the  Cu-Ge  phase 
diagram  in  Hg.  3  [1^,  die  changes  in  metal  properties  are  most  likely  due  to  its  melting  and 
cooling.  The  reason  for  heating  die  metal  contact  layer  above  its  melting  pmnt  was  drawn  from 
the  industry's  eiqierience  with  die  familiar  Au-Ge  ohmic  contacts  on  n-GaAs,  which  are 
annealed  at  temperatures  above  the  Au-Ge  alloy  melting  point  (42S*’C)  to  achieve  ohmic 
behavior. 

The  tighter  bonding  of  Ga  and  A1  to  N,  in  conqiarison  K>  As,  suggests  that  higher 
temperatures  and  possibly  longer  times  are  required  for  interfacial  reactions  to  take  place  with 
GaN  as  compared  with  GaAs,  and  that  some  reactions  may  be  inhibited  or  prevented.  The 
behavior  of  die  systems  examined  so  far  has  been  consistent  with  these  suppositions.  Having 
observed,  howeva,  that  high-tenqiaature  annealing  (above  750^Q  causes  degradation  of  the 
metal  layer,  a  different  processing  scheme  was  also  used  as  part  of  the  effort  to  enhance  the 
Cu3Ge  contact  performance.  Since  heating  die  Cu3Ge  metal  above  its  melting  point  resulted  in 
degradation  of  the  metal's  low-resistivity  properties,  annealing  was  pnformed  again  at  a  lower 
temperature  (600°Q  for  a  longer  period  of  time  (6  hours).  Again,  two  different  doping  levels 
were  used  for  the  GaN  samples,  0=4.5x10*“^  cm*’  and  n=4.5xl0^*  cm*’.  Specific  contact 
resistivities  for  these  san^les  were  obtained  via  TLM  measurements  in  the  as-alloyed  condition 
and  after  annealing  at  6()0°C  for  6  hrs,  and  are  listed  in  Table  L 

When  the  aimealing  temperature  was  held  to  600^0,  the  Cu3Ge  metal  did  not  undergo  the 
degradation  that  it  experienced  when  aimealed  at  higher  teriqieratures.  Again,  however,  no 
inqirovement  was  seen  in  the  of  the  contacts.  While  the  Cu3Ge  metal  retained  its  own  low- 
resistivity  prqierties  during  this  longer,  lower-temperature  anneal,  there  was  no  enhancement 
of  the  contact  interface  as  a  result  of  the  heat  treatment.  Further  improvements  in  the 
performance  of  this  contact  system  may  be  inherendy  limited  by  the  nature  of  the  CusGe  metal. 


155 


Ifigji  ten^ratures  (above  7(X)®C)  may  be  necessary  to  drive  Ge  diffusion  into  the  GaN  to 
provide  increased  donor  concentrations  at  the  contact  interface,  but  the  melting  of  the  Cu3Ge 
and  consequent  degradation  of  its  properties  make  diis  Hiffinih, 
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R.W.  Olesinaki  mnd  GJ.  Abbudiian,  1986. 


Figure  3.  Phase  diagram  of  die  Cu-Ge  binary  system  [IQ. 


Table  L  Specific  Contact  Resistivity  Values  (in  Q  cnf)  for  Cu3Ge/n-GaN  Contacts 


GaN  Doping  Level 

n=4.5xl0*'^  cm-3 

n=4.5xl0**  cm-3 

n=7.3xl0«  cm-3 

as-alloyed(400°C/30  min) 

14-18 

5.6x10-3 

4.9x10-3 

annealed  6(X)'’C/30  min 

4.2 

- 

9.9x10-3 

armealed 700**C/30  min 

3.9 

- 

1.1x10-2 

atmealed  8(Xy*C/30  min 

69 

- 

1.0 

armealed  600°C/6  hrs 

23.1 

3.2x10-3 

- 

E.  Conclusions 

An  alloyed  Ca3Ge  contact  system  was  deposited  on  different  doping  levels  of  n-GaN:Ge 
and  n-GaN:Si.  The  Cu3Ge/n-GaN  contacts  exhibited  ohmic  behavior,  and  the  varied 
substantially  with  the  carrier  concentration  of  the  GaN  studied.  Transmission  line 
measurements  revealed  as-alloyed  of  14-18  G  cn^  for  n=4.SxlO^'^  an*^,  S.bxKh^  Q  crn^  for 
n=4.5xl0**  cm-3,  and  4.9x10-3  G  cm*  for  n=7.4xl0**  cm-*.  However,  these  contacts 
detetiorated  substantially  after  annealing  at  8(X)°C  There  was  no  significant  inqnovement  in  p^ 
as  a  result  of  post-deposition  annealing,  diough  in  the  case  of  Cu3Ge  contacts  on  the 
moderately-doped  GaN  the  I-V  behavior  became  substantially  more  linear  aftra^  annealing  at 
6(X)**C  The  Cu3Ge  metal  layers  deteriorated  as  a  result  of  annealing  at  tenqieratures  above  the 
metal's  melting  point  High  temperatures  (above  7(X)'’C)  may  be  necessary  to  drive  Ge 
diffusion  into  the  GaN  to  provide  increased  donor  concentrations  at  the  contact  inter&ce,  but 
the  melting  of  the  Cu3Ge  metal  and  consequent  degradatioi  of  its  properties  make  this  difficnlt 
It  may  be  possible  to  preserve  the  integiiQr  of  die  Cu3Ge  metal  during  higher-tenqierature 
annealing  through  the  use  of  capping  layers  or  other  adjustments  of  processing  parameters. 
Along  with  the  development  of  inqiroved  contact  systems  for  the  m-nitrides,  it  is  hoped  that 
these  smdies  will  contribute  to  our  understanding  of  crucial  issues  such  as  surface  properties, 
band  structure,  and  intraface  characteristics. 

E.  Future  Research  Plans  and  Goals 

In  addition  to  further  chemical  and  structural  characterization  of  the  ctmtact  systems 
described  in  this  report,  othra  schemes  for  inqnoving  contact  performance  will  be  investigated. 
Combined  witii  the  search  for  improved  contacts  to  the  m-nitrides  is  the  ongoing  investigation 
of  Fermi-level  pinning  and  defect  states,  and  the  role  played  by  work  function  and  electron 
affinity  differences  in  contact  properties.  The  evidence  examined  to  date  indicates  that  GaN 


does  indeed  experience  much  less  Fermi-level  pinning  dian  its  more  covalendy  bonded  relatives 
such  as  GaAs;  further  work  will  help  to  clarify  this  issue  and  assist  the  development  of 
advanced  mictoelectrt»uc  and  optoelectronic  devices. 

For  p-GaN,  the  challenges  to  contact  improvement  are  formidable.  By  comparison,  the 
advances  that  have  been  made  with  n-GaN  contacts  have  been  rather  easily  achieved. 
However,  further  improvement  of  p-GaN  contacts  must  be  made  to  reduce  the  high  series 
resistance  inherent  in  die  LEDs  and  lasers  now  being  fabricated.  De^ite  the  stronger  need  for 
progress  in  diis  area,  veiy  little  detailed  electrical  characterization  of  p-GaN  ohmic  contacts  has 
been  reported  to  date.  The  only  values  for  specific  contact  resistivity  pc  that  have  been  made 
available  have  come  from  the  present  woric  and  announcements  from  CREE  Research,  Inc., 
which  have  reported  Pc  values  on  die  order  of  10'^  Q  cm^  for  p=10**  cm'^  [13].  For  proprietary 
reasons,  the  (dimic  contact  schemes  used  by  Cree  have  not  been  described. 

In  order  to  take  greater  advantage  of  the  valuable  properties  of  GaN  and  to  achieve  the  full 
range  of  supraior  device  pofoimance  envisioned  by  the  solid  state  community,  it  is  necessary 
to  reduce  the  pc  of  p-GaN  contacts  at  least  three  or  four  orders  of  magnitude  below  the  levels 
already  obtained.  To  accon^lish  this,  it  is  almost  certainly  necessary  to  take  full  advantage  of 
the  two  main  avenues  of  contact  improvement  described  above:  to  increase  acceptor 
concentrations  and  to  reduce  the  semiconductor  band  gap  at  the  contact  interface,  ^th  this  in 
mind,  die  following  approaches  are  recommended  for  further  investigation,  to  identify  die  most 
efiGcient  means  of  achieving  superior  contacts: 

•  Increase  the  doping  level  of  acceptor  impurities  near  the  top  surface  of  p-GaN  films 
during  growth.  To  inqnove  die  incorporation  of  acceptor  impurities,  it  may  be  necessary 
to  adjust  the  Ga-N  ratio  during  growdi  to  facilitate  the  addition  of  dopant  atoms  to  die  Ga 
sites.  Activation  of  die  dopant  species  must  be  optimized. 

•  Add  acceptor  impurities  to  the  near-surface  region  of  p-GaN  films  by  means  of  ion 
implantation,  prior  to  metallization.  Again,  activation  of  the  dopant  species  must  be 
optimized.  Performing  the  implants  at  high  ten^erature  and/or  post-implant  annealing 
will  be  necessary  to  achieve  this. 

•  Make  use  of  metallurgical  reactions  of  contact  metal  components  with  GaN,  in  order  to 
draw  Ga  out  of  the  GaN  stracture  and  leave  behind  Ga  vacancies  that  can  be  filled  with 
acceptor  impurities.  Nickel  is  suggested  as  a  favorable  candidate  for  this  purpose. 
Contact  studies  by  Trexler  et  cd.  [14],  thermodynamic  studies  by  Mohney  et  cd.  [15,16] 
and  the  surface  analytical  work  of  Bermudez  et  cd.  [17]  have  demonstrated  that  Ni  reacts 
extensively  with  GaN,  with  some  reaction  occurring  even  at  room  temperature.  At  higher 
temperatures  (~600C  and  above),  Ga  dissolves  into  Ni  layoa  while  the  released  N 
desorbs. 
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•  Make  use  of  InN  or  a  gradation  of  InGaN  as  an  interlayer  to  reduce  the  semiconductor 
band  gap  at  the  contact  interface.  To  accomplish  this  for  p-GaN  contacts,  it  will  be 
necessaiy  to  either  (1)  in^nove  InN  growth  and  achieve  high-quality  p-InGaN  and  p-InN 
films,  or  (2)  incorporate  In  into  contact  metals  such  that  In  is  able  to  substitute  inm  the 
p<3aN  lattice  upm  aimealing  of  the  contacts. 

The  issues  of  surface  cleaning  and  sanqrle  prqraration  will  continue  to  be  inqtortant  in  the 
areas  device  fabricaticML  Ihe  role  of  oxygen  and  other  ccmtaminants  at  the  contact  interface  is 
inqxvtant  to  understand,  and  will  become  even  more  critical  for  AlGaN  and  AlN-based  devices 
due  to  the  strong  affinity  of  A1  for  oxygen.  For  such  cases  the  cleanliness  of  the  contact 
dqrosition  envircxunent  will  probably  be  of  greater  importance,  as  well. 
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XX.  m-V  Nitrides  for  Use  in  Semiconductor  Microelectronic 
Device  Applications 

A.  bitroduction 

With  their  distinct  combination  of  physical  and  electronic  properties,  the  m-V  nitrides  are 
promising  materials  for  optoelectronic  and  microelectronic  applications.  AIN,  GaN,  and  InN 
have  direct  band  gaps  of  6.2,  3.4,  and  1.9  eV,  respectively.  In  conjunction  with  their 
continuous  solid  solubility,  (me  has  the  abili^  to  engineer  band  gt^s  within  tiie  range  of  1.9  to 
6.2  eV,  which  can  be  used  to  construct  blue  LEDs  and  deep  UV  lasers. 

Along  with  their  wide  bandgaps,  the  m-V  nitrides  have  advantageous  physic^  properties 
such  as  high  thermal  stability,  high  physical  hardness,  and  high  chemical  stability.  In 
combining  these  properties,  the  m-V  nitrides  lend  themselves  as  excellent  candidates  for  high 
powo:  and  high  temperature  devices  [1]. 

At  present,  there  is  one  significant  drawback  to  the  use  of  the  m-V  nitrides:  the  lack  of  a 
homoepitaxial  substrate,  hi  oid^  to  achieve  moncxaystalline  thin  films  heteioepitaxy  has  been 
employed  using  a  number  of  different  substrates.  This  methcxl  has  allowed  the  prcxluction  of 
single  crystal  films,  but  the  films  have  had  ptxn*  crystal  quality  and  high  unintentional  doping 
levels  [2]. 

Recent  developments  have  shown  that  good  single  crystal  thin  films  of  AIN  and  GaN  can 
be  grown  using  techniques  such  as  Metal  Organic  Chemical  Vapor  Deposition  (MOCVD)  and 
Molecular  Beam  Epitaxy  (MBE)  [3-7].  The  most  successful  of  these  films,  which  exhibit  high 
resistivity  and  low  unintenticmal  doping,  have  been  grown  on  AI2O3  (sapphire)  and  a-SiC. 
Conductive  n  and  p-type  GaN  films  have  also  been  produced  using  the  appropriate  doping 
inpurities. 

With  the  production  of  device  quality  material  successful  attempts  have  been  made  to 
produce  microelectrortic  devices  using  the  m-V  rtitrides  [8-15].  Khan  et  al.  have  made  many 
strides  in  this  area,  including  being  the  first  to  fabricate  a  MESFET  device  fiom  the  nitrides. 
Binari  et  al.  have  also  fabricated  MESFET  devices  along  with  MISFET  structures.  As  shown 
in  Fig.  1,  Binari  fabricated  a  depletion  mode  device  using  Si3N4  as  the  gate  insulatcn:.  For  a  gate 
length  of  0.9  mm  the  transconductance  was  16  mS/mm  at  30°C  and  1 1  mS/mm  at  200X.  The 
frequency  response  of  these  devices  were  measured  resulting  in  a  /  j  and  /max  of  ^  and  9  GHz 
respectively  [15]. 

Currently,  much  of  the  research  concerning  MISFET  devices  is  directed  towards  depletion 
m(x]e  devices.  This  can  be  attributed  to  the  inability  to  successfully  process  tiie  material. 
Currently  many  strides  have  been  made  in  the  areas  of  implantaticm  and  etching  [16-18].  Other 
areas  of  research  which  are  begirming  to  be  addressed  include  the  investigation  of  insulator 
matmals.  Some  iititial  work  has  been  done  by  Casey  et  al.  on  SiC^-GaN  MOS  ctpacitors  [19]. 
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His  results  indicate  that  SiOi  grown  on  GaN  by  a  remote  plasma  method  yielded  a  structure 
with  low  interface  tit^  density. 


Si3N4 


Sum  GaN 


40nm  AIN 


Sapphire 


Figure  1.  MISFET  cross  section. 

It  is  the  goal  of  this  project  to  complete  the  steps  needed  to  construct  a  MISFET  stractuie. 
The  steps  will  be  discussed  further  in  the  following  section. 

B.  Results 

In  order  to  produce  a  viable  MISFET  device  a  suitable  insulating  material  must  be  found  to 
use  as  the  gate  insulator.  Three  matmals  have  bem  chosen  to  be  investigated  for  diis  research. 
They  include  Si02,  Si3N4,  and  AIN.  To  properly  study  the  characteristics  of  the  insulators  on 
the  MIS  capacitors  are  used.  From  these  two  terminals,  device  informatirm  such  as  the  charge 
in  the  insulamr,  numba  of  tr^s,  and  the  breakdown  characteristics  can  be  detramined. 

To  theoretically  nsodel  diese  devices  modified  versions  of  the  equations  derived  for  two 
terminal  devices  Si,  from  Tsividis  [20]  and  Nicollian  and  Brews  [21],  are  used.  Due  to  GaN’s 
long  generation  rate  and  short  minority  carrier  lifetime,  on  the  order  of  lO”  years  and  lO'^s 
respectively(for  a  doping  concentration  of  «lxl0^^/cm^),  the  inversion  layer  contribution  to 
the  capacitance  can  be  ignored.  This  leaves  only  the  accumulation  and  depletion  modes  to 
characterize.  From  this  analysis  an  equadtm  for  the  semiconductor  capacitance  is  derived: 


IT  f-1 
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Where  F=(2qeGrff)*^.  Nj  is  the  semiconductor  doping  concentration,  ft  is  the  diennal  voltage, 
and  y  is  the  surface  potential.  Substituting  the  results  of  the  equation  1  into  the  following 
equation. 


c(ii/)  =  (—+—L-) 


-1 


(2) 


whoe  Cotis  the  capacitance  of  the  insulator,  the  capacitance  for  die  device  can  be  calculated  at 
various  surface  potentials.  The  equatitm  for  the  gate  voltage  is  derived  from  the  potential  drops 
across  die  capaciton 


=  (3) 

^OX 

where  Vn,  is  the  flatband  voltage  and  QciCv)  is  the  charge  at  the  semicondnctnr/insulator 
interface.  From  the  above  equations  a  theoretical  C- V  curve  can  be  generated  for  n-type  MIS 
capacitors.  The  next  step  is  to  fabricate  a  MIS  capacitor. 

This  research  group  has  demonstrated  the  ability  to  grow  high-quality  single  crystal  thin 
films  of  GaN  and  AIN  with  high  resistivity  and  low  levels  of  unintentitMial  doping.  These  films 
have  been  grown  by  MBE  and  MCXJVD  on  a-SiC,  utilizing  a  high  temperature  monocrystalline 
AIN  buffo’  layer.  Throu^  these  methods  both  n  and  p  type  doping  of  the  GaN  films  has  been 
achieved. 

Using  the  n-type  GaN  Grown  by  MOCVD  a  MIS  capacitor  has  been  fabricated.  This 
device  was  fabricated  in  a  lateral  orientation  radio  than  the  typical  vertical  orientation  used  in 
silicon  technology.  This  was  done  to  avoid  the  insulating  AIN  buffo  layo.  Silicon  oxide  was 
grown  via  a  low  temperature  chemical  vapor  deposition  process.  Aluminum  was  used  as  the 
gate  metal  and  the  ohmic  contact  for  this  device.  The  processing  steps  can  be  found  in  the 
appendix  of  this  report  (see  Fig.  2). 

Capacitance-voltage  measurements  were  performed  using  a  HP4284A  precision  LCR  meto 
in  conjunction  with  MDC  software.  The  resulting  curves  showed  that  the  device  operated  as 
expected  in  both  the  accumulation  and  depletion  regions  (see  Fig.  3).  To  properly  analyze  C-V 
curves  a  good  themetical  curve  must  be  obtained.  At  this  juncture  a  piece  of  information  is 
missing  that  is  needed  to  conqilete  a  proper  curve.  The  value  of  the  flatband  voltage,  which  is 
the  difference  in  the  wcn-kfunctions  of  the  gate  metal  and  the  semiconductor,  is  unknown 
because  the  woikfunction  of  GaN  has  not  been  quantified.  A  solution  to  tiiis  problem  has  been 
devised  and  will  be  discussed  further  in  the  following  section. 
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1.  l|im  n-  or  p-type  GaN/ 
AIN  Buffer  layer/ 

SiC  Substrate 


2.  Deposit  500-700A  of 
SiOi 


3.  Deposit  =  1000 A  of 
Aluminum 


4.  Apply  PR,  expose,  and 
develop.  Etch  Al.  Remove 
PR. 


5.  Etch  Si02  via  RIE 


6.  Deposit  =1000A  of 
Aluminum 

7.  Deposit  PR,  expose,  and 
develop.  Etch  Al.  Remove 
PR 


Figure  2.  MIS  capacitor  processing  procedure. 

D.  Discussion 

Having  demonstrated  the  ability  to  fabricate  the  two  terminal  devices,  proper  analysis  must 
now  be  performed.  To  do  this  analysis  material  properties  must  be  defined.  Specifically  die 
workfunction  of  GaN.  To  obtain  this  value  an  experimental  procedure  has  been  devised. 
Using  one  sample(i.e.  a  single  piece  of  GaN  with  an  insulator  deposited  upon  it)  three  Hiffi-mnt 
gate  metals  with  varying  woikfunctions  will  be  deposited.  By  analyzing  the  shift  in  the  C-V 
curve  for  each  of  these  metals  the  value  of  the  flatbahd  voltage  and  thus  the  workfunction  of 
GaN  will  be  obtained. 
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Figure  3.  C-V  curve  for  GaN/Si02  MK  capacitor. 

Once  this  work  has  been  coiiq)leted  and  a  true  theoretical  curve  is  made,  measurements  on 
the  quanti^  of  charge  in  the  insulator  will  be  performed.  Througjh  this  work,  the  best  insulator 
will  be  found  to  use  in  the  MISFET  device. 

To  teach  the  goal  of  an  MISFET  device,  advances  in  material  processing  need  to  be  made. 
Specifically  in  the  areas  of  contacts,  ion  inq>lantation,  and  etching.  All  of  which  are  currently 
being  addressed  widiin  this  research  group. 

D.  CcHiclusion 

With  their  combination  of  thermal  and  electrical  properties  the  m-V  nitrides  have  the 
potential  tt>  be  excellent  materials  for  use  in  high  power  and  high  temperature  applications. 
With  the  production  of  device  quality  material  the  time  has  arrived  to  develop  these  devices. 
There  are  a  number  of  steps  to  be  taken  to  fabricate  devices  which  will  perform  well  in  the  high 
power  and  frequency  regimes.  This  project  will  take  the  necessary  steps  to  achieve  this  goal. 
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